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a b s t r a c t 

Additive manufacturing (AM) of metallic components offers many advantages over conventional manufac- 

turing methods, most notably design freedom at little material waste. Consequently, there is significant 

current interest in the manufacturing aspects of a wide variety of structural alloys. Concomitantly, es- 

tablishing the processing – microstructure – mechanical performance relations, in conjunction with the 

attributes such as flaws, residual stresses, and mesostructures inherent to the AM processes, is critical for 

the widespread adoption of structural metallic components made using AM. Keeping this in view, a com- 

prehensive review of the current understanding of the structure-property correlations in AM alloys is pro- 

vided here. Unique aspects of the microstructures of the AM alloys, process-related attributes, and their 

effect on the tensile, fracture, fatigue crack growth, and unnotched fatigue properties are highlighted, 

with emphasis on the interplay between the microstructures and process attributes in determining the 

structural integrity of AM alloys in terms of properties such as near-threshold fatigue crack growth rate, 

fracture toughness, and fatigue strength. These aspects are contrasted with respective structure-property 

correlations in wrought or cast alloys. Strategies employed for improving the damage tolerance of the 

alloys through either improvisation of the processing conditions during AM or via post-processing treat- 

ments such as annealing, hot-isostatic pressing, and shot peening, are summarized. The existing gaps in 

understanding fatigue and fracture in AM alloys, which are critical for widespread deployment and reli- 

able design of engineering components, are identified; such gaps are expected to provide future avenues 

for research in this area. 

© 2021 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved. 
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. Introduction 

Conventional manufacturing of metallic parts, in addition to be- 

ng a key technology enabler, is an integral part of the modern in- 

ustrial economy. Typically, manufacturing consists of casting, fol- 

owed by thermo-mechanical processing for ‘shaping’ using forg- 

ng, rolling, or extrusion (or some other method), and final ‘finish- 

ng’ via welding, machining, surface modifications, amongst others. 

s these processes have been fine-tuned and perfected over several 

enturies, a detailed understanding of the relationship between the 

lloy’s composition, processing history, microstructural evolution, 

nd mechanical performance has been developed and put into in- 

ustrial practice. Given that a structural part must often satisfy 

everal property metrics simultaneously, such knowledge is par- 

icularly critical as minute variations in either the composition or 

rocessing routes (or both) can alter the property combinations in 
∗ Corresponding author. 
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yriad ways that are not necessarily correlated in a simple man- 

er. 

Additive manufacturing (AM)—versus ‘subtractive manufactur- 

ng’ typically employed in conventional manufacturing—has the 

otential to usurp the aforementioned fine-tuned manufacturing 

quilibrium. This is because of the number of advantages it offers: 

i) near-net shaped part fabrication using only one fabrication step, 

ii) design flexibility that allows access to design space that could 

therwise not be utilised, (iii) near-zero material wastage, result- 

ng in high ‘fly-to-buy’ ratios, (iv) rapid prototyping and testing of 

arts, which markedly reduces the ‘concept-to-deployment’ cycle 

imes for new designs, (v) flexibility in terms of manufacturing dif- 

erent types of components using different alloys, (vi) on-demand 

anufacturing resulting in low inventory costs and minimal sup- 

ly chain disruptions, and (vii) ability to produce parts with com- 

ositional gradients or contain multiple alloys within them. Hence, 

onsiderable excitement about AM exists worldwide, with substan- 

ial investments already made (or being made) for research and ca- 

acity building. The importance of AM for Industry 4.0 due to its 

igital nature is also an underlying reason. 

https://doi.org/10.1016/j.actamat.2021.117240
http://www.ScienceDirect.com
http://www.elsevier.com/locate/actamat
http://crossmark.crossref.org/dialog/?doi=10.1016/j.actamat.2021.117240&domain=pdf
mailto:uram@ntu.edu.sg
https://doi.org/10.1016/j.actamat.2021.117240
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Terminology/Symbols 

AM Additive Manufacturing 

LB-PBF Laser based powder bed fusion processes 

EB-PBF Electron beam-based powder bed fusion 

processes 

HAADF High-angle annular dark-field imaging 

X, Y and Z The coordinate system for the AM system 

as defined in ISO / ASTM52921 

LOF Lack-of-fusion flaw 

AB As built 

AN Annealing treatment 

DA Duplex annealing treatment 

BA Beta annealing treatment 

HSTA homogenisation and solutionising treat- 

ment 

ST Solution treated 

MP machined, or machined and polished 

VP vibratory polished 

EP electro polished 

AP abrasive blast polishing 

YS Yield strength 

UTS Ultimate tensile strength 

EF Elongation at failure 

G Temperature gradient 

A Austinite 

M Martensite 

PBG prior- β grain 

R a surface roughness average 

R load ratio 

m crack growth rate exponent 

�K cyclic stress intensity factor 

�K th threshold cyclic stress intensity factor 

K Ic mode I plane strain fracture toughness 

BJP Binder Jet Printing 

LB-DED Laser based direct energy deposition 

STEM Scanning transmission electron mi- 

croscopy 

X-Y Crack opening in X, crack direction in Y 

(or vice versa). 

X-Z Crack opening in X or Y, crack direction in 

Z 

Z-X Crack opening in Z, crack direction in X or 

Y 

AR Aspect ratio 

STA Solutionising and ageing treatment 

AG Age hardening treatment 

SR Stress-relieving treatment 

HIP Hot Isostatic Pressing treatment 

FC Furnace cooling 

AC Air cooling 

WQ Water quenching 

SB sand blasting 

SP shot peened 

LSP laser shock peened 

CP cavitation peening 

FCG Fatigue crack growth 

HCF High cycle fatigue strength 

H Solidification rate 

α alpha phase 

α’ martensitic phase 

β beta phase 

γ , γ ′ and γ ′ ′ gamma phases 

δ delta phase 
t

2 
σ omega phase 

Y geometry factor 

ψ sphericity 

a i initial flaw size σ a cyclic stress amplitude 

d flaw diameter 

h hatch spacing 

t layer thickness 

Amongst different classes of materials that are being explored, 

M of metals and alloys is technologically the most challenging 

s producing parts in a highly reproducible manner is not as sim- 

le as it prima facie appears to be. This is exacerbated by the fact 

hat additional process-related attributes such as porosity, resid- 

al stresses, mesostructures that arise due to line-by-line, layer-by- 

ayer build strategies, and variations in the microstructures from 

ocation to location of the built part add considerable complex- 

ty to the establishment of the processing-structure-property rela- 

ions. Consequently, ensuring structural integrity and reliability of 

arts produced for quality assessment and certification purposes 

s still a major challenge that is holding the widespread adapta- 

ion of AM back. The key to addressing this challenge would be 

etailed structure-property correlations that also take process at- 

ributes into account. While the manufacturing aspects and the 

icrostructure – tensile property connections are extensively in- 

estigated and reported, fatigue and fracture aspects, which ulti- 

ately dictate the structural integrity of engineering parts, are not 

xtensively investigated, especially from the ‘microstructural’ per- 

pective. 

Fatigue driven fracture is the most prominent cause of struc- 

ural failure in load-bearing components. The microstructural ori- 

ins for the initiation, propagation and fast fracture mechanisms 

hat drive fatigue failure in conventionally manufactured metals 

lloys are well understood. However, the understanding of how 

he unique microstructures in AM alloys, such as fine metastable 

hases, mesostructures, and porosity - all of which directly result 

rom the unique processing attributes, affect the fatigue and frac- 

ure is not firmly established yet. This is not only critical for reli- 

bility assessments of AM components, but will also aid in identi- 

ying the processing steps that must be modified to produce com- 

onents with adequate or superior structural integrity. AM is asso- 

iated with a vast amount of process parameters, allows for intri- 

ate design features that result in highly unusual loading config- 

rations, and allows for customisable part production; this makes 

inking material, process and structure especially difficult. Keeping 

his in view, we provide a comprehensive review of the fatigue and 

racture aspects of AM alloys here. Moreover, since the microstruc- 

ures and tensile properties form an essential part of the discus- 

ion, those aspects are also summarised. 

Given the exponential increase in research on AM alloys, it is 

ot surprising that several reviews on the AM of metals are al- 

eady available. For example, Gu et al. [1] , Sames et al. [2] , Herzog

t al. [3] , and DebRoy et al. [4] provide a comprehensive overview 

f the physical processes, the metallurgy and its influence on prop- 

rties. The focus of many such reviews has been on many applica- 

ions of different metals and the AM process itself; for example, 

ostafaei et al. [5] reviewed the binder jetting process. Reviews 

hat focus on specific metals include; titanium alloys by Dutta 

t al. [6] , Agius et al. [7] , Romero et al. [8] , Liu et al. [9] ; alu-

inium alloys by Aboulkhair et al. [10] ; stainless steels by Fayaz- 

ar et al. [11] and Bajaj et al. [12] ; and Nickel-based superalloys 

y Babu et al. [13] and Jinoop et al. [14] . This has resulted in

 flurry of publications that focus on the fatigue and fracture of 

M metals. While Lewandowski and Seifi [15] provided a review 

hat was exclusively focused on mechanical properties, substantial 
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rogress is made over the last five years. In a review by Sanaei 

t al. [16] , the effect of process-related attributes on high cycle fa- 

igue behaviour was highlighted. While the articles by Shamsaei 

t al. [ 17 , 18 ] and Fotovvati et al. [19] review the fatigue proper-

ies of AM metals, the emphasis is not on the interrelationship be- 

ween the microstructures - the process related attributes - prop- 

rties, which the present overview seeks to place emphasise on. 

This review is organized in the following manner. A brief 

verview of widely used AM techniques and alloys, emphasising 

elevant process attributes and commonly reported AM alloys, is 

rovided in next section ( Section 2 ). The theme of commonly re- 

orted AM alloys carries throughout the review, starting with a 

iscussion on the microstructural features ( Section 3 ) and process- 

elated attributes ( Section 4 ). Following this, a review of quasi- 

tatic properties, namely tensile ( Section 5 ) and Fracture Tough- 

ess ( Section 6 ) properties, is presented. Section 7 focuses on the 

atigue crack growth behaviour, while Section 8 focuses on un- 

otched fatigue. The review concludes by presenting closing re- 

arks in Section 9 . 

. Widely used AM techniques and alloys 

.1. Methods 

The ISO/ASTM 52900 standard currently classifies AM processes 

nto the following seven categories [20] : Binder Jetting (or binder 

et printing, BJP), Directed Energy Deposition (DED), Material Ex- 

rusion, Material Jetting, Powder Bed Fusion (PBF), Sheet Lami- 

ation, and Vat Photopolymerization. These are further grouped 

ased on the energy source used (laser or electron beam and arc), 

he feedstock state (powder, wire or sheet), and the method of ma- 

erial feed (blown or fed powder or powder bed) [20] . Based on 

he volume and quality of literature available on fatigue and frac- 

ure AM alloys and microstructure-property correlations in them, 

his overview’s focus is limited to the three powder-based tech- 

ologies, BJP, PBF and DED. While PBF and DED processes (with 

he heat source being either a laser or an electron beam) are con- 

idered as direct fabrication routes, BJP is regarded as an indirect 

ne [2] . Parts produced using the direct methods are generally con- 

idered superior in terms of consistency and dimensional accuracy, 

nd hence are more prevalent in terms of recent research effort s 

nd potential for applications [21] . 

In contrast to DED, PBF is overwhelmingly used for the man- 

facturing of full-sized parts and is, therefore, the closest natural 

lternative to traditional manufacturing in terms of industrial ap- 

lication. The most popular metal AM method is the Laser based 

BF or LB-PBF. Its popularity is primarily due to comparatively 

igher dimensional accuracy, lower machine costs, and shorter 

uild times. Electron beam based PBF, or EB-PBF, is performed 

n high-vacuum, often below 10 −4 mbar, providing an ideal low- 

ontamination environment for manufacturing materials with a 

igh affinity for oxygen and nitrogen, such as Ti and Al alloys [6] .

enerally, build times with EB-PBF are shorter than those with LB- 

BF due to higher energy input and faster scan speed. Parts are 

sually built on a heated build platform (600–750 °C), leading to 

 more stable microstructure in the as built (AB) state itself [22] . 

he major drawbacks of EB-PBF are the inferior surface quality in 

he printed parts and higher cost compared to LB-PBF. 

In DED, the material is commonly deposited through pressured 

owder injection to the heat source’s focus point [6] . Most fre- 

uently, DED is used for surface coating and repair of parts where 

he material is missing due to wear or damage. While an electron 

eam or an arc heat-source has been used in DED technologies, 

ost of the recent development has been focused on Laser based 

ED, or LB-DED [11] . 
3 
Indirect methods such as BJP use a relatively inexpensive pro- 

ess to fabricate a ’green’ part, after which several critical post- 

rocess operations densify and improve the part’s mechanical per- 

ormance. While the fabrication of the ’green’ part is faster than 

ther AM processes, extensive post-processing is required, which 

akes up most of the fabrication time. BJP has grown to become 

he most popular indirect metal AM technology in recent years. 

he working principle consists of bonding powder through pre- 

isely jetting a polymer-based binding agent to form a green part. 

he binding medium is then either removed through ultra-violet 

adiation or during a sintering process. 

The basic principles of the three commonly used metal AM 

ethods are briefly described below. The PBF process is schemat- 

cally illustrated in Fig. 1 a [23] . The powder is distributed on the 

ed using either a hopper or a reservoir next to the powder bed. 

ach layer is selectively molten usually one line at a time with an 

verlap to adjacent lines to form a layer of the desired shape. For 

he fabrication of the successive layer, the build platform is low- 

red, a new powder layer of predetermined thickness is spread 

ver the powder bed, and selective melting is repeated. This pro- 

ess is repeated to build the three-dimensional part. After fabri- 

ation, the unmolten powder is removed to reveal the part in its 

B state, fused to the build platform. Ideally, the part is stress- 

elieved (SR) before removing support structures and removing the 

uild platform to avoid distortions. Post-processing is typically un- 

ertaken, including a heat treatment, such as annealing (AN) and 

urface finishing steps to increase mechanical properties and refine 

imensional tolerances. 

The layer thickness in PBF processes can range anywhere be- 

ween 20 and 200 μm depending on the type of material and 

he heat source used for consolidation [ 24 , 25 ]. The typical 10th

nd 90th percentile powder particle diameters have 42 to 92 μm 

nd 60 to 120 μm ranges, respectively [ 26 , 27 ]. For smooth flow

nd good packing of the powder beds, the particles need to be 

s spherical as possible with a narrow size distribution [11] . In 

B-PBF, the powdered material is selectively molten, typically us- 

ng an Nd:YAG laser with a wavelength of around 1070 nm and a 

ower that ranges from 20 to 10 0 0 W [ 28 , 29 ]. Typical spot sizes

f the laser beam in the focal plane range between 50 to 180 μm 

28–30] , depending on the manufacturing system used [ 28 , 31 ]. The

aser beam is directed using a galvanometer scanner to achieve 

can speeds between 100 to 2000 mm/s across the deposited pow- 

er layer. 

Usually, the sequence of the individual melt tracks follows a 

can strategy, which includes a meander / to-and-fro approach 

32] , a checkerboard pattern, where individual islands are ran- 

omly fused [28] , or stripes, where individual stripes of specified 

idth are sequentially fused [29] . Some overlap between islands 

r stripes is typically included in the two latter approaches to re- 

uce porosity. The scan direction is rotated and offset after each 

ayer. In some cases the build platform is heated as, for example, 

ecommended for the production of Al alloys [33–35] . This results 

n lower solidification rates resulting in a more stable melt and in 

ome cases a higher build density [33] . 

In EB-PBF, the electron beam, typically accelerated with a volt- 

ge of 60 kV and focused using electromagnetic lenses, is directed 

y a magnetic scan coil to achieve scan speeds between 10 to 

0 4 mm/s across the deposited powder layer [36] . In contrast to 

B-PBF, the build platform is preheated in this method by defo- 

using the beam and scanning the bed surface several times [37] . 

o ensure complete melting, scan speeds are reduced to about 

0 2 mm/s using a predefined scan strategy that is similar to LB- 

BF. Typical layer thickness values are between 50 to 150 μm with 

he spot sizes ranging from 140 to 250 μm [31] . 

A schematical illustration of the DED process is provided in 

ig. 1 b. A part is built by melting a surface and simultaneously ap- 
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Fig. 1. Schematic diagrams illustrating (a) laser based powder bed fusion (LB-PBP) 

process, (b) laser based directed energy deposition (LB-DED) process, and (c) binder 

jet printing (BJP) process. 
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∗ All the compositions are in at.% (unless otherwise explicitly stated). 
lying the powder feedstock. The powder is supplied by a nozzle 

hat is mounted coaxially to the heat source. The resultant melt 

ool is typically protected against oxidation by flooding the build 

egion with an inert gas. While a Nd:YAG laser is commonly used, 

he use of CO 2 , Diode and Yb-doped fibre lasers have also been 

eported. The utilized power ranges between 800 and 2400 W 

14] and the spot size varies between 0.3 and 3 mm [ 37 , 38 ], with

 scan speed of around 900 mm/min [14] . A particular advantage 
4 
f the LB-DED processes is that they are not restricted to the in- 

lane layer builds; this provides more design freedom than PBF 

rocesses. The part is most commonly stationary while the deposi- 

ion head is repositioned for each layer by, for example, a five-axis 

ystem or a robotic arm [39] . As such, DED processes are far less 

estricted by size and are therefore more commonly employed to 

roduce large parts. Moreover, DED processes can be utilised in re- 

air applications by depositing alloys onto an existing part [39] . 

While the BJP method also relies on a powder bed system 

 Fig. 1 c), it employs selective deposition of binding agents to 

uild a green part, which is subsequently subjected to a high- 

emperature sintering for burning the polymeric binder first and 

hen sintering of the powder particles to achieve final density 

nd strength [5] . The resulting microstructures are free from 

etastable phases, residual stresses, and are comparable to those 

roduced using conventional means. While believed to be cheaper 

and faster in terms of productivity), this process’s major drawback 

s relatively higher porosity [ 40 , 41 ]. 

.2. Alloys 

A wide variety of metals and alloys are considered for AM; the 

ost reported ones are Ti alloys, steels, Ni-based superalloys, and 

l alloys. While studies on alloys such as Hastelloy X, CoCrX [42–

4] and high entropy alloys such as FeCoCrNi [45] , FeCoCrNiC0.05 

 46 , 47 ], FeCoCrNiAl0.5 [48] , FeMnCoCrSi [49] and FeCoCrNiMn [50–

2] , produced using laser-based processes, are also reported, in- 

epth studies that link microstructure to mechanical properties, 

specially fatigue and fracture, are limited and hence will not be 

onsidered in this overview 

∗. 

Among the Ti alloys, Ti-6Al-4V (Ti6Al4V), an α + β alloy, 

s the most widely explored, with LB-PBF, EB-PBF, and LB-DED 

uccessfully utilised to fabricate parts. Other Ti alloys, such as 

i13Nb13Zr [53] and Ti6Al2Sn4Zr2Mo [54] produced using LB-PBF 

nd Ti6.5Al3.5Mo1.5Zr0.3Si produced using LB-DED [ 55 , 56 ], have 

lso been examined. TiAl based alloys have also been produced, 

uch as Ti48Al2Cr2Nb, using LB-PBF [57] and EB-PBF [ 58 , 59 ], and

i43.5Al4Nb1Mo0.1B using EB-PBF [60] . 

Amongst the steels, common austenitic stainless steels (SS, 

ll the designations are as per AISI) 316L, 304L, maraging steel 

8Ni300, and precipitation hardenable 17-4PH steel received con- 

iderable attention. Most of these have successfully been fabricated 

ia LB-PBF, EB-PBF, LB-DED, and BJP. In addition, H13 tool steel has 

een produced using LB-PBF [61–63] and LB-DED [ 64 , 65 ], 420 us-

ng LB-PBF [66] and BJP [67] , and P21 (ASTM) using LB-DED [68] ,

o name a few. 

Ni-based superalloys, widely known for high-temperature ap- 

lications, examined for their printability by using LB-PBF, EB-PBF, 

nd LB-DED include Inconel 625 and 718. Additionally, fabrication 

f Inconel 100 parts using a Micro-Laser Assisted Machining pro- 

ess was also explored [69] . 

The number of different Al alloys produced using AM is limited. 

lloys that have been successfully produced using LB-PBF, EB-PBF, 

nd LB-DED include the age hardenable AlSi10Mg and the eutectic 

lSi12. Other grades that have been reported include AA2139, an 

lCuMg alloy produced using EB-PBF [70] , and AlMg4.4Sc0.66MnZr 

roduced using LB-PBF [71] . 

A key challenge with the processing of metals using AM lies 

n the nature of the interaction between the heat-source and the 

eedstock material. For example, Al has a high reflectivity for the 

avelengths of the lasers that are usually applied in AM, resulting 

n poor heat-absorption. Moreover, alloying elements with highly 

ifferent vapour pressures, Al alloyed with Mg and Li for example, 
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aporise preferentially under vacuum conditions. A vast majority 

f the alloys are susceptible to cracking under the rapid solidifica- 

ion conditions that prevail during LB-PBF, EB-PBF, and LB-DED. In 

eneral, easily weldable alloys are also those that are amenable to 

M with these methods. In addition to this, the allotropy of the 

lloy, Ti and Fe based ones for example, in combination with the 

arge temperature gradients and complex thermal cycles usually 

ssociated with some of the AM techniques, make the relation- 

hip between AM process, microstructure and properties unique. 

his, in turn, makes the fabricated alloy and its mechanical prop- 

rties highly sensitive to the process utilized. Therefore, the choice 

n process parameter combinations need to be made carefully and 

ontrolled precisely during the manufacturing of parts for greater 

eliability. 

The quality of the powder feedstock plays a vital role in de- 

ermining the overall quality of the build part, especially the rel- 

tive density of it. In PBF processes, the powder particle size and 

istribution, sphericity, roughness, and microstructure [72] affect 

ts flowability [73] and consequently the ability to deposit material 

uring the AM process [ 74 , 75 ]. Nandwana et al. [72] reported that

 broader particle size distributed led to lower porosity levels in 

B-PBF Ti6Al4V. In contrast, a larger particle size leads to higher 

evels of porosity. The reuse of unmolten powder can lead to the 

ickup of oxygen, which, in turn, can result in embrittlement and a 

ecrease in density. Tang et al. [76] report that the left-over pow- 

er in an EB-PBF Ti6Al4V became progressively less spherical with 

oticeable distortion and roughness, with a narrower distribution 

hat, in turn, affects flaw formation. 

Unlike PBF processes, DED methods are less sensitive to feed- 

tock material. However, cracks or scratches on the powder parti- 

le surface can lead to porosity in the final AM part [2] . Nandwana

t al. [77] reported that the powder size distribution and the alloy 

hemistry directly impact sintering kinetics of BJP part and, there- 

ore, shrinkage and achievable densification. For example, they rec- 

mmend that a bimodal powder size distribution with a 10:1 ratio 

llows for high density of the green part and subsequently the sin- 

ered part. 

. Micro- and mesostructures in AM alloys 

The rapid solidification of a small volume of the melt at any 

iven instance during AM employing the ‘direct’ methods imparts 

 microstructure to the alloy that is akin to those obtained us- 

ng rapid quenching techniques: fine, metastable (often), and con- 

tituent phases with enhanced solid solubility. Repeated heating 

nd cooling of the already deposited layer (during the subse- 

uent layer fabrication over it) make the solidified alloy experience 

 complex thermal cycling history, which has important conse- 

uences both in terms of the microstructure development (colum- 

ar grains in some contexts, as we shall see later) and residual 

tresses. Another inherent feature of these techniques, the line-by- 

ine and layer-by-layer building, imparts a mesostructure that of- 

en reflects the line hatch spacing, layer thickness and the scan- 

ing strategy. The combination of all these microstructural fea- 

ures, which span several length scales—from nanometre to mil- 

imetre (or more) scale—make the mechanical performance of al- 

oys produced by AM unique and significantly different from their 

onventionally manufactured counterparts. In this section, we first 

ummarise common features across several AM alloy classes and 

hen present features specific to each family of alloys. 

.1. Common microstructural features 

.1.1. Solidification cell structures 

A distinct feature in a number of alloys that are fabricated us- 

ng direct AM techniques (i.e., LB-PBF, EB-PBF, and LB-DED) is the 
5 
olidification cellular structure, whose length scale can range from 

0.1 to 1 μm in LB-PBF and LB-DED alloys, whereas it is generally 

arger than ∼ 5 μm in alloys fabricated using EB-PBF [78–82] . Rep- 

esentative images of the cellular microstructures in 316L produced 

y LB-PBF [78] are displayed in Fig. 2 . The formation of these struc- 

ures is a consequence of the constitutional undercooling during 

olidification. When the liquid’s temperature ahead of the solid- 

iquid interface becomes lower than the liquid’s freezing temper- 

ture due to a high solute concentration, the interface becomes 

nstable and thus favours dendritic growth [83] . The dendrite’s 

orphology is controlled by the ratio of the temperature gradi- 

nt ( G ) and the solidification rate ( H ). In the case of LB-PBF, where

ooling rates are exceptionally high ( > 10 6 K/s), the time avail- 

ble for solidification is insufficient to form secondary dendrite 

rms leading to cellular morphology [84] . In the LB-DED process 

n which the cooling rate is comparatively slower, secondary den- 

ritic arms have been observed [79] . The size of the cellular struc- 

ure depends on G and H , and therefore the process parameters 

sed [84] . 

The cellular structures observed in several alloys have been as- 

ociated with solute segregation and dislocation cell structures. As 

n example, segregation of Cr and Mo to the cell walls in LB-PBF 

16L is illustrated in Fig. 2 [85] . The mechanistic reason for such 

tructural features is still a matter of debate and ongoing research. 

everal mechanisms have been proposed over the last decade, 

ome of which are the following: (i) Solute segregation along cell 

oundaries during directional solidification, which induces stresses 

hat arise due to solute enrichment. Such stresses are accommo- 

ated by the formation of dislocation structure [ 84 , 86 ]. (ii) Solute 

egregation along the cell boundaries, which is accompanied by 

 dislocation substructure that is geometrically necessary, result- 

ng in a net misorientation across the cell boundaries [87] . (iii) 

he dislocation cell structures are a result of the residual stresses 

eveloped due to thermal shrinkage. Such structures later pro- 

ide for enhanced solute diffusion along them resulting in seg- 

egation [88] . Cellular growth is accompanied by the rejection of 

he solutes with a higher melting point; examples are Si in Al-Si 

lloy [ 78 , 80 , 89 ], Cr-Mo in 316L and 304L [85] and Ti-Nb in Ni-

ased superalloys [90] . Bertsch et al. [79] suggest that even though 

he solute segregation is related to the cellular growth due to di- 

ectional solidification, the dislocation cells might form indepen- 

ently due to high residual stresses. While the dislocation cells 

re independent of cell boundaries in the LB-DED 316L, they are 

ligned in LB-PBF 316L. This difference was attributed to the rel- 

tively smaller cell size in the latter, which energetically favours 

islocations to pile up along the cell boundaries. Further investiga- 

ions are needed to ascertain the origin of solute segregation and 

islocation cells. For instance, Marangoni surface instability’s role 

n forming a complex cellular structure yet to be investigated in 

etail [78] . 

.1.2. Mesostructures 

The mesostructures in AM alloys can manifest not only in terms 

f the scanning methods employed [91] , but also in terms of tex- 

ure [92] , grain boundaries [ 93 , 94 ], and flaw formation [ 95 , 96 ].

ig. 3 a illustrates the mesostructure in a LB-PBF AlSi12 [80] . In the

op view, solidified laser tracks are seen, whereas the side views 

how overlapping melt-pool cross-sections. The melt pool bound- 

ries correspond to the Gaussian profile of the laser beam [96] , i.e., 

he highest depth is located at the centre of the beam. Si segre- 

ates to the melt pool boundaries, as shown in Fig. 3 b and c and d

how the microstructures of LB-PBF Ti6Al4V, where the scan rota- 

ion between the successive layers was changed from 90 ° to 67 °, 
espectively [97] . The prior- β grain (PBG) structure of the two- 

hase alloy is visible in the top view, where the 90 ° scan strat- 

gy results in a checkerboard type structure, with the width of 
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Fig. 2. HAADF STEM image of cellular structure in 316L, where EDS mapping shows segregation of Mo and Cr to the cell boundary. Reprinted with permission from Wang 

et al. [85] . (Copyright (2018) Springer). 

Fig. 3. Representative microstructure of LB-PBF (a) AlSi12 produced by single melt strategy, and (b) SEM image showing melt pool boundary region with Si segregation. 

Reprinted with permission from Suryawanshi et al. [80] . (c) Ti6Al4V produced using a 90 ° scan rotation, and (d) 67 ° scan rotation between subsequent layers. Reprinted with 

permission from Huang et al. [96] . (Copyright (2016, 2020) Elsevier). 
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ach square corresponding to the scan spacing employed, while 

he 67 ° scan rotation results in a more globular and equiaxed 

tructure. The side view shows a columnar PBG structure, which 

s also seen as a mesostructure, that is commonly reported in 

M Ti6Al4V. In many instances, such a mesostructure could im- 

art anisotropy to the tensile, fracture and fatigue behaviour ne- 

essitating post-fabrication treatments [ 3 97–100 ], as we shall see 

ater. 

.2. Alloy system specific attributes 

.2.1. Ti alloys 

The rapid solidification during laser based processes results in 

 fine microstructure consisting of metastable martensitic α’ phase 

ithin PBGs, leading to a hierarchical microstructure in most Ti al- 

oys [ 3 , 15 , 97 , 100 , 101 ]. Primary grains tend to extend across an en-

ire PBG. Finer secondary, tertiary, and quartic grains form between 
6 
rimary laths (due to the repeated heating cycles that the solidi- 

ed alloy layer experiences), resulting in a basketweave structure 

 102 , 103 ]. Columnar PBGs, oriented along the build direction (Z), 

n LB-PBF Ti6Al4V form due to epitaxial growth along < 001 >β
 97 , 104 ]. They occur due to the absence of heterogeneous grain 

ucleation sites within the melt pools and the domination of the 

rowth of the grains that are at the bottom of the melt pools dur- 

ng solidification. A transition from the columnar to equiaxed PBG 

tructure can be achieved either by adopting a suitable scan strat- 

gy or by adding inoculants that make nucleation of the grains 

asier [105] . However, significant anisotropy in microstructure and 

ence properties remain [ 97 , 106 , 107 ]. 

The formation of α’ or α from β grains follows the 

 110 } β||{ 0 0 01 } α or < 111 >β || < 1120 >α Burgers orientation

elationship [ 108 , 109 ]. The twelve possible crystallographic vari- 

nts form randomly from the parent grain [110] and a weak α crys- 

allographic texture in the fabricated alloy is commonly reported. 
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Table 1 

Tensile properties of Ti6Al4V produced by different AM processes and heat treatment conditions. 

Process Source State Microstructure Yield[MPa] UTS[MPA] EF[%] 

Wrought [316] STA Globular α + β 900 970 17 

Cast [316] AB - 896 1000 8 

LB-PBF [317] AB acicular α’ in columnar prior- β 1200 ± 19 ⊥ 1270 ± 9 ⊥ 5 ± 0.5 ⊥ 

1140 ± 30 = 1220 ± 20 = 4.9 ± 0.6 = 

[116] AB acicular α’ in columnar prior- β 1070 ± 20 ⊥ 1220 ± 7.8 ⊥ 8.1 ± 0.8 ⊥ 

SR (480 °C for 1 h) acicular α in columnar prior- β 1180 ± 6.1 ⊥ 1290 ± 3.5 ⊥ 5.66 ± 0.1 ⊥ 

SR (610 °C for 1 h) ultrafine lamellar α + α’ in columnar prior- β 1110 ± 17 ⊥ 1180 ± 15 ⊥ 6 ± 0.4 ⊥ 

[234] AB acicular α’ in columnar prior- β 1030 ± 9.1 ⊥ 1150 ± 1.8 ⊥ - 

1010 ± 8.2 = 1150 ± 4.2 = - 

HIP (820 °C for 2 h at 

109 MPa in argon, FC) 

lamella α + β in columnar prior- β 972 ± 7.1 ⊥ 1050 ± 4.1 ⊥ - 

913 ± 6.4 = 1010 ± 8.3 = - 

HIP (950 °C for 3 h at 

109 MPa in argon, FC) 

coarse lamella α + β in columnar prior- β 847 ± 7.8 ⊥ 907 ± 2.1 ⊥ - 

812 ± 4.7 = 904 ± 6.9 = - 

BA (1020 °C for 0.5 h, AC) α colonies α + β in globularised prior- β 717 ± 2.4 ⊥ 840 ± 3.5 ⊥ - 

715 ± 4.1 = 832 ± 5.9 = - 

[318] SR (650 °C for 3 h) ultrafine lamellar α + α’ in columnar prior- β 1080 ± 14 ⊥ 1190 ± 16 ⊥ 13.6 ± 1.3 ⊥ 

HIP (920 °C at 100 MPa for 

2h) 

coarsened lamella α + β in columnar prior- β 907 ± 4 ⊥ 1020 ± 5 ⊥ 17.7 ± 0.8 ⊥ 

[103] AN (750 °C for 8 h, FC) fine lamella α + β in columnar prior- β 940 ± 6.4 977 ± 4.5 9.52 ± 2.2 

AN (910 °C for 8 h, FC) lamella α + β in columnar prior- β 890 ± 6.6 950 ± 6.3 11.4 ± 1.3 

AN (910 °C for 8 h, WQ) + AN 

(750 °C for 4 h, FC 

equiaxed α with secondary lamella α + β in 

columnar prior- β

884 ± 2.8 947 ± 5.4 18.5 ± 1.6 

[319] AB acicular α’ in columnar prior- β 1000 ± 20 1230 ± 15 7.4 ± 0.1 

AN (700 °C for 4 h in vacuum, 

FC) 

fine lamella α + β in columnar prior- β 1020 ± 4 1080 ± 4 7.9 ± 1.1 

AN (955 °C for 2 h in argon, 

WQ) + SR (550 °C for 6 h, AC) 

equiaxed α with secondary lamella α + β in 

columnar prior- β

1040 ± 37 1120 ± 39 3.9 ± 1.2 

[224] HIP (920 °C for 2 h, FC) lamella α + β in columnar prior- β 914 ± 20 ⊥ 971 ± 22 ⊥ 8.6 ± 2.1 ⊥ 

HIP (920 °C for 2 h, 

WQ) + (500 °C for 1 h) 

lamella α with α partially decomposed α’ in 

columnar prior- β

1088 ± 9 ⊥ 1194 ± 4 ⊥ 4.3 ± 0.3 ⊥ 

HIP (920 °C for 2 h, 

WQ) + (700 °C for 1 h) 

lamellae α with secondary fine secondary 

lamella α + β in columnar prior- β

1012 ± 6 ⊥ 1047 ± 1 ⊥ 6.1 ± 0.8 ⊥ 

EB-PBF [320] AB lamella α + β in columnar prior- β 823 ± 0.1 ⊥ 940 ± 6.5 ⊥ 13.2 ± 0.7 ⊥ 

852 ± 5.8 = 965 ± 0.3 = 16.3 ± 0.8 = 

[317] AB lamella α + β in columnar prior- β 869 ± 7.2 ⊥ 928 ± 9.8 ⊥ 9.9 ± 1.7 ⊥ 

[321] AB lamella α + β in columnar prior- β 812 ± 12 ⊥ 851 ± 19 ⊥ 3.6 ± 0.9 ⊥ 

[322] BA (1110 °C for 2 h, FC) coarse α colonies + β in globularised prior- β 774 ±112 913 ± 38 13 ± 2 

BA (1110 °C for 2 h, AC) α colonies + β in globularised prior- β 847 ± 90 998 ± 52 13 ± 7 

BA (1110 °C for 2 h, WQ) acicular α’ in globularised prior- β 932 ± 80 1200 ± 50 1.8 ± 1.5 

[323] AB lamella α + β in columnar prior- β 1000 ⊥ 1070 ⊥ 11 ⊥ 

1010 = 1070 = 15 = 

AN (950 °C for 1h, WQ + SR 

(500 °C for 7 h, AC) 

lamella α + β in columnar prior- β 1040 ⊥ 1290 ⊥ 10 ⊥ 

LB-DED [230] AB α’ in α + β in columnar prior- β 1130 ± 14 = 1180 ± 7 = 2.7 ± 0.9 = 

1090 ± 34 ⊥ 1170 ± 22 ⊥ 10.7 ± 0.8 ⊥ 

[324] AB, top of build fine lamellar α + β in columnar prior- β 945 ± 13 ⊥ 1040 ± 12 ⊥ 18.7 ± 1.7 ⊥ 

AB, near the build platform less fine lamellar α + β in columnar prior- 970 ± 17 ⊥ 1090 ± 8 ⊥ 17.6 ± 0.7 ⊥ 

960 ± 26 = 1060 ± 20 = 13.3 ± 1.8 = 

[325] AN (760 °C in vacuum, AC) α’ in α + β in columnar prior- β 991 = 1044 = 10 = 

⊥ Parallel to build direction, i.e., specimens loading direction in the Z direction. 
= Perpendicular to build direction, i.e., specimens loading direction in the X or Y direction. 
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owever, primary laths tend to form along the habit planes of ap- 

roximately { 334 } β and { 344 } β [ 111 , 112 ], resulting in a distinct

tructural morphology orientated at ∼ 45 ° to the build direction 

Z). It has been suggested that an elongated/columnar grain and 

rimary lath morphology will have a larger influence on anisotropy 

han crystallographic texture [113] . Hence, the underlying proper- 

ies are affected by the PBG mesostructure and the subsequent α
ath formation. To illustrate this, Stephenson et al. [101] employed 

ifferent scan strategies to promote variant selection during β → α
ransformation. The texture of α laths depends on texture of the 

BGs and the extent of variant selection [114] . 

Commonly observed microstructural features of AB Ti6Al4V are 

ummarised in Table 1 . The standard approach to transform the 

etastable microstructure that is prevalent in the AB state of 

i6Al4V is through the use of post-processing heat treatments, dur- 

ng which V diffuses out of the saturated α’ to facilitate the for- 

ation of β along the α lath boundaries when the cooling rates 
7 
re sufficiently low [ 98 , 115 ]. Heat treatment of AM Ti6Al4V is gen-

rally categorised into three distinct groups: (a) stress-relieving 

SR) treatments carried out between 480 and 650 °C, (b) recrys- 

allisation AN conducted from 705 to ∼ 975 °C, i.e., just below 

he β-transus temperature (T β ), and (c) β annealin g ( β-AN) per- 

ormed above 975 °C [ 103 , 116 ]. The microstructural responses to 

eat treatments are summarised in Table 1 . In SR, α’ can start 

o transform towards α. At higher SR temperatures, β precipi- 

ates start forming along the lath boundaries and the hierarchical 

tructure starts to decompose [116] . Annealing results in coarsen- 

ng of α lath structure (consequently, the dissolution of the hi- 

rarchical structure) and formation of β along the lath bound- 

ries in significant amount s. β-AN results in a colony type struc- 

ure, which is commonly seen in conventionally produced Ti6Al4V. 

hile the heat treatments performed below T β do not alter the 

BG mesostructure, those conducted above results in recrystallisa- 

ion, globularisation and significant PBG growth [ 98 , 115 ]. Duplex 
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Fig. 4. Micrographs of 316L showing hierarchical structure. Reprinted with permission from Wang et al. [85] . (a) IPF map showing grain orientation, (b) SEM micrograph 

showing high angle grain boundary across the melt pool, (c) TEM micrograph showing cellular structure, (d) oxides impurities on cellular boundaries. IPF map of 316L 

showing effect of melt pool on the texture. (e) melt pool width 175 μm, depth 75 μm (f) melt pool width 175 μm, depth 125 μm, and (g) melt pool width 250 μm, depth 

125 μm. Reprinted with permission from Andreau et al. [ 92 ] (Copyright (2018) Springer and Elsevier). 

h

i

c

t

t  

A

p

t

3

P

a

c

s  

d  

b

c  

i

l

t

a

b

o

t

s

t

t

<  

t

a

a

t  

<

t

d

s

a

i

[

g

r

a  

q

s

i

c

t

r

i

m

c

c

s

e

a

t

p

e

8

d

[  

m

t

i

t

i

eat treatments (annealing at 910 °C followed by a water quench- 

ng (WQ) and then another annealing at 750 °C followed by air 

ooling (AC)) have been employed to obtain a bimodal microstruc- 

ure consisting of fragmented equiaxed primary α grains in a ma- 

rix of lamellar secondary α + β in LB-PBF Ti-6Al-4V [ 26 , 113 , 117 ].

s we will discuss later, bimodal microstructures offer a good com- 

romise between ductility and strength and enhance the near- 

hreshold fatigue crack growth resistance. 

.2.2. Steels 

Fig. 4 illustrates the hierarchical nature of the microstructure in 

BF 316L, which consist fine equiaxed grains within the melt pools 

nd columnar grains at their boundaries. The size range of the 

haracteristic microstructural features in PBF and DED processed 

teels is wide. At the one end, their size can be in the same or-

er as the melt pool size ( Fig. 4 a). On the finer scale, they can

e few tens of nm, corresponding to those of the solidification 

ells ( Fig. 4 b and c) [ 4 , 12 , 85 ]. The size of the cellular structures

ncreases with decreasing scanning speed, due to the reduced so- 

idification rate [87] . DED processes typically result in the forma- 

ion of larger grains due to the comparatively larger melt pool size 

nd slower scan speeds. [118] . 

The crystallographic texture in AM steels could be modified 

y varying the process parameters [12] . For example, single melt 

r cross-hatch melt strategies result in a columnar microstruc- 

ure with strong texture [ 4 , 92 ]. Conversely, increasing the scan 

peed could result in shorter columnar grains, with a weaker tex- 

ure in the transverse direction [119] . The anisotropic microstruc- 

ure is related to epitaxial growth of the austenitic phase in the 

 001 > direction [ 3 , 12 ]. Olivier et al. [92] demonstrated that epi-

axial growth could be reduced by changing the melt pool’s shape 

nd size, as shown in Fig. 4 e– g. The crystallographic texture can 

lso be altered by changing the process parameters to some ex- 

ent [ 94 , 120 , 121 ]. For example, Zhongji et al. [122] engineered a

 011 > crystallographic texture in place of the preferred < 001 > 
8 
exture by employing a multi-scan strategy to produce a stable, 

eep melt pool with a width-to- height ratio of 2:1. 

Commonly observed microstructural phases in AM steels are 

ummarised in Table 2 . The alloys 304L and 316L typically exhibit 

 completely austenitic microstructure after fabrication, specif- 

cally when fabricated using LB-PBF [123] . Abd-Elghany et al. 

124] did not observe any precipitation of chromium carbides at 

rain boundaries of LB-PBF 304L. When LB-DED is used, however, 

etained δ-ferrite ( ∼11 vol.%) that forms along the cellular bound- 

ries was observed in the AB 316L specimens, [ 125 , 126 ]. Subse-

uent heat treatment at 1150 °C for 2 h followed by air cooling dis- 

olves the cellular segregation and results in recrystallised austen- 

te grains that are equiaxed. Post-processing heat treatments typi- 

ally improve the grain boundary characteristics of these alloys and 

hereby tensile and fatigue properties. For equiaxed grains to form, 

ecrystallisation above the solutionising temperature of ∼ 1050 °C 

s required [93] . 

LB-PBF 18Ni300 maraging steel also exhibits a hierarchical 

icrostructure, with solidification cells inside a martensitic mi- 

rostructure [127–129] . In the AB condition, the microstructure 

onsists of both martensite and austenite, and no precipitates or 

mall clusters of atoms are observed, indicating a cooling rate high 

nough to suppress precipitation. This leads to a comparably soft 

nd ductile alloy in the AB state [12] . However, there are indica- 

ions of early stages of precipitation in the DED material, accom- 

anied by an increased hardness [130] . Solutionising and age hard- 

ning heat treatments (815–840 °C for 1 h, AC, 490–530 °C for 

 h, AC), which are similar to those used for conventionally pro- 

uced maraging steels, are necessary for imparting high strength 

 129 , 131 , 132 ]. These heat treatments result in the formation of

artensite with intermetallic precipitates. With increasing ageing 

emperature and time, the volume fraction of retained austenite 

ncreases by the process of austenite reversion [ 129 , 133 ]. 

In 17-4 PH steel, the size of the martensitic laths depends on 

he solidification rate [134] . The lack of coherent Cu precipitates 

n the AB parts makes ageing treatment necessary to improve this 
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Table 2 

Tensile properties of several steel grades, generated by different AM processes and heat treatment conditions. Reported austenite (A), martensite (M), and omega ( σ ) 

phases listed. 

Alloy Process Source Condition Microstructure YS [MPa] UTS [MPa] EL [%] 

316L Wrought [235] AN A 170 485 40 

LB-PBF [326] AB A 430 ⊥ 550 ⊥ 64 ⊥ 

[271] AB A 462 ⊥ 565 ⊥ 53.7 ⊥ 

[226] AB A 590 ±17 705 ±15 44 ±7 

AN (1095 °C for 1 h in vacuum, FC in 

argon) 

A 375 ±11 635 ±17 51 ±3 

[40] AG (550 °C for 1 h) A 511 ±14 ⊥ 621 ±11 ⊥ 20 ±2 ⊥ 

430 ±11 = 510 ±20 = 12 ±1 = 

[327] AB A 325 ⊥ 450 ⊥ 8.6 ±7.3 ⊥ 

415 = 565 = 35 ±3.1 = 

HIP (1125 °C for 4 h at 137MPa, FC) A 225 ⊥ 515 ⊥ 28.6 ±17 ⊥ 

225 = 570 = 46.7 ±4.5 = 

EB-PBF [237] AB A, F 334 ±16 ⊥ 572 ±19 ⊥ 29.3 ±5.2 ⊥ 

396 ±9.0 = 652 ±8.5 = 30.6 ±3.0 = 

[82] AB A 253 ±3 ⊥ 509 ±5 ⊥ 59 ±3 ⊥ 

LB-DED [123] AB A 530 ±5 = 670 ±6 = 34 ±1 = 

A 469 ±3 = 628 ±7 = 31 ±2 = 

[328] AB 87.7% A, 7.84% F, 4.45% 

σ

533 ±23 = 235 ±6 = 48 ±2 = 

AN (1000 °C for 1 h, WQ) 89.1% A, 3.92% F, 6.98% 

σ

549 ±18 = 255 ±25 = 41 ±0 = 

AN (1200 °C for 1 h, WQ) 96.0% A, 3.96% F 474 ±4 = 215 ±12 = 57 ±8 = 

AN (1200 °C for 4 h, WQ) A 494 ±6 = 204 ±10 = 70 ±5 = 

[118] AB 91% A, 9% F 410 ±5 ⊥ 640 ±20 ⊥ 34 ±4 ⊥ 

AN (1150 °C for 2 h, AC) A 340 ±15 ⊥ 610 ±5 ⊥ 42.5 ±0.5 ⊥ 

BJP [40] AG (550 °C for 1 h) 97.7% A, 2.63% F 193 ±2.8 ⊥ 548 ±3.8 ⊥ 67.6 ±2.8 ⊥ 

197 ±3.2 = 553 ±5.7 = 76 ±2.8 = 

304L Wrought [235] AN A 170 485 40 

LB-PBF [329] AB A, F 540 ±15 ⊥ 660 ±20 ⊥ 36 ±12 ⊥ 

[330] AB A 568 ±2 = 716 ±1 = 41.7 ±1.1 = 

17-4PH Wrought [331] ST + AG M 1170 1310 10 

LB-PBF [238] AB M 1190 ⊥ 1370 ⊥ 8.3 ⊥ 

[332] AB 64% M, 36% A 661 ± 24 = 1260 ± 3 = 16.2 ± 2.5 = 

AG (480 °C for 1 h, AC) 59.5% M, 40.5% A 945 ± 12 = 1420 ± 6 = 15.5 ± 1.3 = 

AG (620 °C for 4 h, AC) 94.4% M, 5.6% A 1010 ± 15 = 1320 ± 2 = 11.1 ± 0.4 = 

ST (1040 °C for 0.5 h, AC) M 939 ± 9 = 1190 ± 6 = 9 ± 1.5 = 

ST (1040 °C for 0.5 h, AC) + AG 

(480 °C for 1 h, AC) 

96.7% M, 3.3% A 1350 ± 18 = 1440 ± 2 = 4.6 ± 0.4 = 

[239] AG (600 °C for 2 h) 28% M, 72% A 600 = 1300 = 28 = 

18Ni300 

steel 

Wrought [12] SA 828 ± 68 1000 ± 130 11.5 ± 5.5 

SA + AG 1930 ± 140 1960 ± 150 8 ± 3 

LB-PBF [333] AB 98% M, 2% A 713 ⊥ 1060 ⊥ 11.3 ⊥ 

851 = 1020 = 9.63 = 

ST (815 °C for 1h, AC) + AG (520 °C 
for 5 h, AC) 

90.7% M, 9.3% A 920 ⊥ 1530 ⊥ 10.6 ⊥ 

886 = 1550 = 10.7 = 

[334] AB 89.7% M, 10.3% A 915 ± 7 1170 ± 7 12.4 ± 0.14 

AG (490 °C for 6 h, AC) 98% M, 11% A 1970 ± 11 2020 ± 9 3.28 ± 0.05 

ST (840 °C for 1 h, AC) M 962 ± 6 1030 ± 5 14.4 ± 0.35 

ST (840 °C for 1 h, AC) + AG (490 °C 
for 6 h, AC) 

93.5% M,6.5 A 1880 ± 14 1940 ± 8 5.60 ± 0.08 

[335] AB M 915 ± 13 = 1190 ± 10 = 6.14 ± 1.3 = 

ST (815 °C for 0.5 h, AC) + AG (460 °C 
for 8 h, AC) 

84.6% M 15.6% A 1960 ± 43 = 2020 ± 58 = 1.51 ± 0.2 = 

ST (815 °C for 0.5 h, AC) + AG (540 °C 
for 8 h, AC) 

78.7% M 21.3% A 

1550 ± 100 = 
1660 ± 88 = 1.77 ± 0.1 = 

[336] AB M 1060 ± 20 ⊥ 1160 ± 42 ⊥ 12 ± 0.1 ⊥ 

975 ± 75 = 1060 ± 50 = 10.2 ± 1.9 = 

ST (840 °C for 1 h, AC) M, A 808 ± 7.5 ⊥ 970 ± 20 ⊥ 13 ± 0.5 ⊥ 

805 ± 5 = 975 ± 25 = 11.9 ± 0.1 = 

ST (840 °C for 1 h, AC) + AG (490 °C 
for 6 h, AC) 

M, A 1750 ± 35 ⊥ 1820 ± 20 ⊥ 4.5 ± 0.1 ⊥ 

1750 = 1850 = 5.1 = 

[337] AB 94.2% M, 5.8% A 1210 ± 99 1290 ± 110 13.3 ± 1.9 

AG (480 °C for 5 h, AC) 90.6% M, 9.4% A 1200 ± 32 2220 ± 73 1.6 ± 0.26 

DED [338] AB M - 959 ± 20 - 

ST (830 °C for 1 h, AC) + AG (490 °C 
for 10 h, AC) 

M, A - 1560 ± 17 0.12 ± 0.05 

⊥ Parallel to build direction, i.e., specimens loading direction in the Z direction. 
= Perpendicular to build direction, i.e., specimens loading direction in the X or Y direction. 

9 
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Table 3 

Tensile properties of Inconel 625 and 718, generated by different AM processes and heat treatment conditions. 

Alloy Process Source Condition Microstructure YS [MPa] UTS [MPa] EL [%] 

Inconel 

718 Wrought 

[339] - 1100 ± 70 1340 ± 60 16 ± 5 

Cast [147] - 550 965 23 

LB-PBF [148] AB fine dendritic structure within visible 

melt pool boundaries, γ ’’ precipitates 

along grain boundaries 

830 = 1120 = 25 = 

AN (982 °C for 0.5 h in vacuum) + HIP 

(1163 °C for 4 h at 100 MPa in argon) 

columnar structure, with regularly 

distributed γ ’’ precipitates 

850 ⊥ 1140 ⊥ 28 ⊥ 

890 = 1200 = 28 = 

[340] AB fine dendritic structure within visible 

melt pool boundaries 

900 ± 10 ⊥ 1150 ± 10 ⊥ 23 ± 4 ⊥ 

ST (980 °C for 1 h, AC) + AG (720 °C for 

8h, FC; 620 for 8 h, AC) 

columnar structure, precipitation of 

needle-like δ along grain boundaries and 

formation of laves phase 

1130 ± 30 ⊥ 1320 ± 40 ⊥ 16 ± 6 ⊥ 

[241] AG (720 °C for 8 h, FC; 620 °C for 10 h, 

AC) 

columnar structure, precipitation of γ ’/ γ ’’ 

and small amounts of needle-like δ along 

grain boundaries 

572 ± 44 ⊥ 904 ± 22 ⊥ 19 ± 4 ⊥ 

643 ± 63 = 991 ± 62 = 13 ± 6 = 

ST (1100 °C for 1 h, WQ) + AG (720 °C for 

8 h, FC; 620 °C for 10 h, AC) 

homogenization of γ decorated with MC 

carbides 

1070 ± 42 ⊥ 1320 ± 6 ⊥ 19 ± 2 ⊥ 

1160 ± 2 = 1380 ± 66 = 8 ± 6 = 

EB-PBF [242] HIP (1200 °C for 4 h at 120MPa) + ST 

(1066 °C for 1 h in vacuum) + AG (760 °C 
for 10 h followed by 650 °C for 20 h), 

using linear heat source 

columnar structure, γ ’’ precipitates along 

grain boundaries 

1010 = 1080 = 38 = 

752 ⊥ 834 ⊥ 17 ⊥ 

…, using point heat source equiaxed structure, γ ’’ precipitates along 

grain boundaries 

834 = 1060 = 20 = 

827 ⊥ 1050 ⊥ 8.5 ⊥ 

[341] HIP (1200 °C for 4h at 100MPa) + ST 

(1066 °C for 1 h) + AG (760 °C for 10 h 

followed by 650 °C for 10 h) 

columnar structure, γ ’’ precipitates along 

grain boundaries 

894 ± 24 = 1060 ± 83 = 11.5 ± 6.9 = 

925 ± 20 ⊥ 1140 ± 24 ⊥ 15.7 ± 4.3 ⊥ 

LB-DED [342] ST (1020 °C for 4 h) + AG (720 °C for 8 h, 

FC to 620 °C for 8 h, AC) 

columnar structure, precipitation of 

needle-like δ along grain boundaries 

- 1310 ⊥ 24 ⊥ 

Inconel 

625 Wrought 

[343] - - 413 ± 8.3 914 ± 17 70.2 ± 3.6 

LB-PBF [240] AB fine columnar structure 652 ± 10 = 925 ± 13 = 32 ± 3 = 

AN (900 °C for 1 h) coarsened columnar structure, γ ’’ 

precipitates 

567 ± 15 = 869 ± 7 = 38 ± 1 = 

AN (1100 °C for 1 h) equiaxed structure 409 ± 14 = 886 ± 11 = 56 ± 5 = 

EB-PBF [344] AB columnar structure, γ ’’ precipitates 410 750 44 

HIP (1120 °C for 4 h at 100MPa) equiaxed structure, formation of laves 

phase 

330 770 69 

LB-DED [240] AB fine columnar structure 732 ± 23 = 1070 ± 5 = 26 ± 2 = 

AN (900 °C for 1 h) coarsened columnar structure, γ ’’ 

precipitates 

654 ± 15 = 1080 ± 2 = 27 ± 2 = 

AN (1100 °C for 1 h) equiaxed structure, MC carbides 532 ± 22 = 991 ± 13 = 43 ± 1 = 

BJP [345] ST (1280 °C for 4 h in vacuum) equiaxed structure, precipitation of γ ’/ γ ’’ 

and δ along grain boundaries 

327 ± 11 612 ± 19 40.9 ± 3.1 

ST (1150 °C for 2 h) equiaxed structure, precipitation of γ ’/ γ ’’ 

and δ along grain boundaries 

311 ± 23 587 ± 57 45.1 ± 3.3 

AG (745 °C for 20 h) equiaxed structure, precipitation of γ ’/ γ ’’ 

along grain boundaries 

373 ± 14 647 ± 27 35.8 ± 5.9 

AG (745 °C for 60 h) equiaxed structure, precipitation of γ ’/ γ ’’ 

along grain boundaries 

392 ± 14 647 ± 29 30.1 ± 6.7 

⊥ Parallel to build direction, i.e., specimens loading direction in the Z direction. 
= Perpendicular to build direction, i.e., specimens loading direction in the X or Y direction. 
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teel’s properties [ 135 , 136 ]. Solutionising followed by ageing re- 

ults in microstructures of both the wrought and AM 17–4 PH 

teels being similar [ 122 , 137 , 138 ]. Merely ageing 17–4 PH steel in

ts AB state also decreases the retained austenite fraction, but not 

eyond 20% [139] . Moreover, the range of martensite and austinite 

hase fractions is highly dependent on the ageing time and dura- 

ion. A heat treatment of 1040 °C for 4 h followed by WQ and ag-

ng at 482 °C for 1 h results in a martensitic microstructure with 

u nano precipitates [137–139] . 

.2.3. Ni-based Superalloys 

Ni-based superalloy parts have been successfully produced us- 

ng all the major AM processes [ 13 , 77 , 140 , 141 ], with Inconel 718

nd 625 being the most widely investigated alloys [ 4 , 142 ]. The mi-

rostructures in them vary from equiaxed to columnar, depending 

n the melt pool geometry and process parameters employed, as 

ummarised in Table 3 [ 142 , 143 ]. The grain morphology can be
10 
ontrolled to some extent during the AM process. Using EB-PBF In- 

onel 718, Körner and co-workers [144–146] have shown that vari- 

tions in the scanning strategy can produce either a highly tex- 

ured columnar grain structure or an equiaxed fine-grained struc- 

ure with a less pronounced texture. Moreover, Gotterbarm et al. 

 144 , 146 ] have demonstrated the ability to grow single crystals 

hrough a carefully designed and controlled temperature gradient 

long a μ-Helix. 

Precipitation strengthening does not occur in the AB state as 

apid cooling through the precipitation temperature does not al- 

ow for γ ′ and γ ′ ′ phases formation [ 147 , 148 ]. Rapid solidification 

lso results in micro-segregation of Nb, Ti and Mo along the cellu- 

ar boundaries, as illustrated in Fig. 5 a–c [ 4 , 13 , 140 ]. This can lead

o the formation of the Laves phases along the cell boundaries or δ
hase at cell and grain boundaries [ 149 , 150 ]; some of these phases

re detrimental to the mechanical performance of the alloy [ 4 , 149 ].

oreover, the Laves phases entrap some of the available Nb, Mo 
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Fig. 5. (a) HAADF-STEM micrograph and STEM-EDX map highlighting segregation of (b) Nb and (c) Ti along the cellular boundaries. Reprinted with permission from 

Gallmeyer et al. [ 140 ]. EPMA elemental map showing segregation of Nb in (d) AB specimens, (e) after ageing (AG, 720 °C for 8 h, 620 °C for 8 h), (f) after solutionising 

and ageing (STA, 980 °C for 1 h, AG), (g) after homogenisation and solutionising (HSTA, 1150 °C for 1 h, STA). Reprinted with permission from Yu et al. [ 153 ]. (Copyright 

(2020) Elsevier). 

a

t

p

e

m

c

i

e

γ
a

t

N

d

s

c

a

f

l

p

i

3

g

a

c

(  

c

t

t

l

c

w

a  

T

p

p

i

w

a

t

p

t

t

t

i

i

s

c

e

c

r

h  

3

p

h

p

s

g

4

a

e

f

f

s

(

s

c

r

o

l

nd Ti, which are important for the forming of γ ′ and γ ′ ′ precipi- 

ates during ageing [4] . 

Since the dissolution of Laves phases is necessary to achieve 

eak strengthening, post-processing heat treatment becomes nec- 

ssary [ 140 , 151 ]. However, the standard heat treatment recom- 

ended for wrought Inconel does not directly apply to AM In- 

onel. For example, in Inconel 718, the microstructure maintains 

ts columnar nature and traces of the mesostructure, i.e., the lay- 

red build of the material. The effect of irregular precipitation of 
′ and γ ′′ phases is marked by intensive etching of interdendritic 

reas and boundaries of columnar grains during the preparation of 

he specimens for metallography. Small quantities of needle-like δ- 

i 3 Nb precipitates appear in the interdendritic regions [140] . Both 

ouble ageing and solutionising (at 980 °C) heat treatments were 

hown to be ineffective in erasing the Nb segregation along the 

ell boundaries. A homogeneous distribution of Nb could only be 

chieved after solutionising at temperatures greater than 1050 °C 

or 1 h and air cooling. Such high solutionising temperatures can 

ead to grain growth while dissolving the Laves phases; γ ′ and γ ′ ′ 
recipitates form during subsequent ageing [ 4 , 151–153 ], as shown 

n Fig. 5 d–g. 

.2.4. Al alloys 

Among the high strength Al alloys, AlSi12 and AlSi10Mg, to- 

ether with AA2024 and AA7050, are the most common ones 

dapted for AM processes. Conventionally produced Al-Si alloys 

ontain significantly coarser Si particles in their microstructure 

as compared to those in the AM alloys) [154] . Due to the high

ooling rate during PBF and DED processes, Al solidifies through 

he segregation of Si that, in turn, leads to Si enrichment around 

he primary Al phase and, consequently, the formation of cel- 

ular structures, as summarised in Table 4 . The shapes of the 

ells appear columnar along melt pool boundaries and equiaxed 

ithin the scan tracks. Fine Si particles are located primarily 

t cellular boundaries, as illustrated in Fig. 3 a and b [ 10 , 80 ].

he processing parameters influence the microstructure and melt 

ool morphology. For LB-PBF AlSi10Mg, Paul et al. [155] re- 

orted that increasing hatch spacing and layer thickness results 

n larger columnar grains with a wider cellular sub-structure, 
11 
hereas the scan strategy controls the melt pool arrangement 

nd the formation of a melt pool geometry dominated mesostruc- 

ure. 

The Si particle size has been shown to vary with the printed 

art size; prolonged durations at elevated temperatures allow for 

he precipitation of Si in the columnar Al grains. The Si concentra- 

ion in solid solution is ∼ 7 wt% (compared to 1.6 wt% in conven- 

ionally manufactured alloy), which results in a significant increase 

n strength for AM Al-Si alloys due to solid solution strengthen- 

ng [10] . Si particles’ heterogeneous distribution in AB parts can 

imultaneously be both beneficial and detrimental for its mechani- 

al performance [ 80 , 156 ]. Thus, various heat treatments have been 

mployed to improve mechanical properties [10] , as we will dis- 

uss later. Fig. 6 a shows the network of eutectic Si particles seg- 

egated along the cellular boundaries, which remains even after a 

eat treatment ( Fig. 6 b) [ 157 , 158 ]. However, SR heat treatment at

20 °C for 2 h partially breaks the Si network and coarsens the 

recipitates ( Fig. 6 c) [157] . While the standard T6 heat treatment 

as been shown to eliminate the Si network, solutionising at tem- 

eratures > 500 °C, however, releases significant Si from the solid 

olution, resulting in the formation of coarse Si particles at the 

rain boundaries ( Fig. 6 d) [ 89 , 156–158 ]. 

. Process-related attributes 

The process-related attributes in AM alloys are controlled by 

n extensive range of process parameters and physical phenom- 

na that include laser exposure strategies, powder quality and the 

eed system, binder properties in the case of BJP, and build plat- 

orm temperature. Moreover, part design, orientation, and support 

tructures affect the quality of the final product in terms of flaws 

for example keyholing and lack-of-fusion), residual stresses, and 

urface finish. In addition to the microstructure, these attributes 

an significantly affect the mechanical performance of the mate- 

ial, especially in the context of the in-service fatigue performance 

f a part. In this section, we summarise the common process re- 

ated attributes across several AM systems. 
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Table 4 

Tensile properties of AlSi12 and AlSi10Mg, produced using different AM processes and heat treatment conditions. 

Alloy Process Source Condition Microstructure YS [MPa] UTS [MPa] EL [%] 

AlSi12 Cast [346] - eutectic 130 240 1 

LB-PBF [249] AB fine cellular α-Al with intercellular 

eutectic Si 

260 ⊥ 380 ⊥ 3 ⊥ 

AN (450 °C for 6 h) coarsened cellular α-Al with large 

Si-agglomerates 

95 ⊥ 145 ⊥ 13 ⊥ 

AlSi10Mg Cast [346] - 140 240 1 

LB-PBF [347] AB fine cellular α-Al with intercellular 

eutectic Si 

301 = 401 = 4.30 = 

270 ⊥ 337 ⊥ 4.09 ⊥ 

[250] AB fine cellular α-Al with intercellular 

eutectic Si 

230 ± 5 ⊥ 328 ± 4 ⊥ 6.2 ± 0.4 ⊥ 

240 ± 8 = 330 ± 4 = 4.1 ± 0.3 = 

AN (530 °C for 5 h, FC) coarsened cellular α-Al with large 

Si-agglomerates 

72 ± 7 ⊥ 113 ± 3 ⊥ 12.6 ± 0.9 ⊥ 

131 ± 9 = 227 ± 4 = 6.9 ± 0.8 = 

AN (530 °C for 5 h, 

FC) + AG (160 °C for 

12 h) 

coarsened cellular α-Al with small 

intercellular Si 

245 ± 8 ⊥ 278 ± 2 ⊥ 3.6 ± 0.8 ⊥ 

⊥ Parallel to build direction, i.e., specimens loading direction in the Z direction. 
= Perpendicular to build direction, i.e., specimens loading direction in the X or Y direction. 

Fig. 6. SEM Micrograph showing Si particle distribution in (a) AB condition, (b) AN (160 °C for 5 h), (c) after SR (320 °C for 2 h), and (d) after T6 treatment, (510 °C for 6 h), 

followed by AG at (170 °C for 4 h). Reprinted with permission from Fousová et al. [157] . (Copyright (2018) Elsevier). 
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.1. Flaws 

ASTM E3166 [159] characterises flaws as porosity (that may be 

solated or in clusters near the surface or deeply embedded), lack- 

f-fusion (LOF) discontinuities (that may be between or across lay- 

rs), start-stop errors, inclusions, layer shifts, under/over-melted 

aterial). These flaws commonly result in a loss in density, how- 

ver, they may also present in the form of cracks. Current AM 

echnologies can readily achieve densities up to 99.9% when op- 

imal process parameter combinations are used [ 16 , 160 ]. For ex- 

mple, the reported porosity levels in Inconel 625 are less than 

.12% for LB-PBF [161] , 0.01% for DED [ 162 , 163 ] and ∼ 1% for BJP

164] . The generally higher densities obtained in the DED pro- 

esses are attributed to the larger track widths and layer thick- 

esses and smaller velocity of the heat source. In BJP, the final 

ensity of the part relies directly on the packing density in the 

reen stage, and porosity occurs due to the powder quality and 

he sintering process [5] . Notably, a compromise between den- 

ity and shrinkage exists. When a highly dense part is essential, 

igher temperature and longer sintering times are used, which al- 

ow for near-fully dense parts, but with higher dimensional shrink- 

ge [ 77 , 164 ]. 

Many studies aim at optimising the process parameters, such as 

he heat-source characteristics, exposure strategy, layer thickness, 

nd part orientation to achieve the highest possible density with 

he smallest flaw size. An intricate balance between the energy in- 

ut and melting of the powder material exists; insufficient energy 

esults in partial melting of the powders, resulting in the formation 

f ‘lack-of-fusion (LOF)’ and ‘unmolten powder particle’ type flaws. 

xcess energy input, in contrast, results in an unstable melt pool 
12 
hat can lead to spatter and vaporisation and consequently for- 

ation of gas-entrapped and keyhole type flaws [165–167] . Non- 

ptimal parameters can also lead to the formation of discontinu- 

us tracks, weak inter-line metallurgical bonding, and delamination 

168] . 

Flaws act as crack initiation sites under cyclic loading condi- 

ions and hence adversely affect the fatigue life [168–172] . The flaw 

iameter (size), shape (including sharp radii and crack-like fea- 

ures) and location (including nearest neighbour flaw and distance 

o the free surface) play a critical role, and the use of density as a

ingle material parameter is insufficient for a complete assessment 

f the flaw’s influence on the fatigue life of AM alloys. Recognising 

his, detailed understanding the morphological characteristics of 

aws has been the focus of several recent studies [ 16 , 165 , 173 , 174 ].

ig. 7 summarises the observed flaw morphologies in LB-PBF 316L 

175] . The three critical characteristics that describe flaw attributes 

re sphericity (or circularity), aspect ratio, and size (diameter) 

165] . Sphericity is a measure of a flaw’s irregularity or deviation 

rom a perfect spherical shape and is taken as the ratio of the sur- 

ace area of a sphere to that of the flaw (with identical volumes). 

ircularity is sphericity’s two-dimensional counterpart and is the 

atio of the cross-sectional area of the flaw to the square of its cir- 

umference. Aspect ratio is the ratio of the smallest to largest di- 

ension of the flaw, which is computed using a bounding box sur- 

ounding the flaw to account for highly irregularly shaped flaws. 

ore diameter is its largest dimension and describes its physical 

ize. 

The majority of gas flaws is near-spherical and therefore has a 

igh sphericity and a high aspect ratio. LOF flaws, on the other 

and, are irregular in shape and are present with sharp edges. 
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Fig. 7. Aspect ratio (AR) vs sphericity of defects gathered from micro-CT results for 

LB-PBF Ti6Al4V. Reproduced with permission from Sanaei et al. [165] . (Copyright 

(2019) Elsevier). 
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hey may contain unmolten powder particles within them and 

ypically have low sphericity and aspect ratio. The size of gas flaws 

enerally correlates with the melt pool size. Often, LB-PBF results 

n smaller flaws as compared to EB-PBF and LB-DED. The size of 

OF flaws is typically in the same order as the hatch spacing [97] .

hey, however, can reach orders of millimetres in size with a very 

ow sphericity and aspect ratio [ 165 , 176 ]. Thus, LOF defects are

onsidered as the main contributors to poor fatigue failure in PBF 

nd DED processes. In BJP, flaw sizes are significantly smaller and 

ave high aspect ratios. 

Kumar and Ramamurty [168] investigated the effect of pro- 

ess parameter combinations on the porosity distribution in LB-PBF 

i6Al4V. Reconstructed micro-CT images show that the flaw sizes 

nd distribution are sensitive to the process parameters utilised. 

hile the flaws were observed to align in the build direction when 

 scan rotation of 90 ° is used, they are randomly distributed for 

can rotation of 67 °, as seen in Fig. 8 a and b, even though the vol-

metric energy densities are similar in both the cases. Kumar and 

amamurty rationalized this observation by recourse to combined 

ffect of Marangoni convection and Rayleigh instability [177] . The 

requency of relatively big flaws can be significantly reduced by 

mploying scan rotation of 67 ° or by reducing the hatch spacing 

o ensure a larger overlap between adjacent melt pools as shown 

n Fig. 8 c [168] . 

.2. Surface roughness 

The combination of the layer-by-layer fabrication process along 

ith the half-fused particles attached to the surface and the 

resence of sub-surface and surface-connected defects result in a 

ighly rough surface for AM alloy parts, as can be seen in Fig. 9 .

urface roughness is influenced by the process type and parame- 

ers used, powder size, layer thickness, the geometry of the part, 

nd the orientation of the surface with respect to the build direc- 

ion [ 16 , 178 ]. For example, layering at an inclined angle results in

 surface with the ‘staircase’ morphology, whose slope or curva- 

ure is approximated by the position of each layer [ 176 , 178 ]. Ad-

itionally, up- and down-facing sides result in different surface 

orphologies due to the orientation to the heat-source with re- 

pect to the build platform; the roughness is significantly higher 

or down-facing sides compared to up-facing sides [179] . In the PBF 

rocesses, for example, down-facing sides are built either on loose 
13 
owder or support structures and therefore will result in distinct 

oughness characteristics. 

Generally, the DED process results in the best surface finish 

nd EB-PBF the worst. For example, the reported values of mean 

urface roughness ( R a ) for Ti6Al4V are 18.5 ± 6.5 μm for LB-DED 

 38 , 180 ], 35 ± 12.3 μm for LB-PBF [ 181 , 182 ], and 131 ± 45.5 μm for

B-PBF [183] . (For further comparison, R a in BJP 316L is 3.73 μm 

184] .) Laser- and electron beam-based processes use finer powder 

nd layer thicknesses that are prone to ‘satellite’ formation due to 

he sintering of powder at the part edges [179] . However, the DED 

echnologies are limited in the use of near net shapes (i.e., shapes 

roduced close to the desired part geometry followed by machin- 

ng to deliver the final geometry) due to a significantly larger line 

idth and layer height. 

While a high surface roughness may be beneficial in some in- 

tances, such as biomedical applications where osseointegration is 

romoted through a rough surface [185] , its influence has been 

hown to adversely—and severely—affect the fatigue performance 

f AM parts [16] . Like porosity, the aberrations in the surface re- 

ult in stress concentrations that lead to localised plastic defor- 

ations that promote early fatigue crack initiation. Kantzos et al. 

186] showed that in LB-PBF Ti6Al4V, stress concentrations caused 

y the surface asperities can result in a 15-fold amplification of 

he equivalent applied von Mises stress. Interestingly, this study 

lso notes that the most detrimental surface features are near- 

urface flaws and surface notches, demonstrating an irrelevance 

f the adhered powder to the mechanical response. This obser- 

ation was confirmed by a study by Fatemi et al. [187] under 

xial, torsional, and combined axial-torsional loadings. Similarly, 

eretta et al. [188] , who investigated the effect of part orientation 

n LB-PBF AlSi10Mg, found that specimens with up-facing surfaces 

xhibit significantly better fatigue performance than those with 

own-facing surfaces, which include notch-like features. Edwards 

t al. [189] show that rough surface has a dominant role in crack 

nitiation in AB specimens, while internal cracks have a significant 

ole in the case of machined specimens. 

.3. Residual stresses 

Unlike BJP in which the residual stresses in the built part are 

egligible, the PBF and DED processes are plagued with high resid- 

al stresses, which is exacerbated by the fact that they can of- 

en vary significantly from one location of the built part to an- 

ther. These stresses may cause in-situ cracking, delamination, part 

arpage, and potential build-failure. Such high residual stresses are 

 result of the localised heat input and rapid cooling that are in- 

rinsic to these processes. The expansion of a localized zone upon 

eing heated rapidly by a high energy beam is suppressed by the 

eighbouring material, which usually causes compressive plastic 

trains. Subsequent rapid cooling of the molten alloy and the as- 

ociated contraction results in high tensile stresses [191] . The lo- 

alised nature of the heating and cooling cycle also results in a 

ighly irregular residual stress field through the volume of the 

uilt part. 

Measurements, using neutron diffraction in DED 316L, have 

hown that residual stresses can be in the order of 50–80% of the 

ield strength of the alloy [192] . Similar values are reported in LB- 

BF Ti6Al4V [193–197] and Inconel 718 [198] . These stresses are 

ighest in magnitude along the build direction (Z) [196] , compres- 

ive in the part centre, tensile at the outer free surfaces, and more 

oncentrated near the build platform interface [ 171 , 192 , 195 , 199–

01 ]. If the build platform is heated, however, they can be reduced 

y an order of magnitude [ 202 , 203 ]. 

The magnitude of residual stresses increases with increased 

ength of the scan lines. Keeping this in view, the most common 

pproach to reduce the stress build-up during fabrication is to im- 
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Fig. 8. Top view of reconstructed Micro CT images of LB-PBF Ti6Al4V specimens produced with layer thickness (t) = 30 μm, hatch spacing (h) = 140 μm (a) scan rotation 

( φ) = 90 °and (b) φ = 67 °, (c) Histogram showing flaw size distribution for four different combinations of process parameters used during the LB-PBF process. Reproduced 

with permission from Kumar and Ramamurty [168] . (Copyright (2020) Elsevier). 
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lement a scan strategy such that a layer is divided into smaller 

islands” or “strips”, so that the longest uninterrupted line of travel 

s reduced. PBF systems mostly deal with the stress build-up by ro- 

ating the scan direction of the heat-source after each layer [195] . 

he layer height has also been shown to directly affect the stress 

istribution; a finer layer results in higher stress gradients com- 

ared to a thicker layer [195] . Since the residual stress build-up 

s dependent on each layer, overall stress levels depend on the 

art size. For example, Edwards and Ramulu [181] have shown that 

he tensile residual stresses in taller and narrower LB-PBF Ti6Al4V 

pecimens are higher and penetrate deeper (up to 250 μm deep) 

rom the surface, whereas they are smaller and shallower (50 μm) 

n the larger parts. 

The effect of high residual stresses poses a problem both dur- 

ng fabrication and in service. Small cracks, formed along the melt 

ool path, are often observed in hard metals such as Ni-based su- 

eralloys [204–206] and tungsten [206] , see Fig. 10 . More substan- 

ial delamination type defects that from between the layer inter- 

ace [207] or near the stress concentration such as support struc- 

ures [208] are also reported. The build-up of significant tensile 

tresses in larger parts has been reported to result in delamination 

t support structures or from the build platform during fabrication 

 16 , 198 , 207 ]. Dimensional tolerances are also significantly affected 

ue to part distortion. Residual stresses can act as an additional 

rack driving force during fatigue, thereby promoting crack initia- 

ion and propagation. 
14 
.4. Post-processing treatments to improve process-related attributes 

After fabrication, several steps are required to turn the AM part 

nto an end-use part. Typically, the excess powder is removed, 

he parts are cut from the build platform, and support struc- 

ures are machined off. Additional post-process treatments may be 

mployed to improve process-related attributes, including thermal 

reatments to improve the microstructure and/or mitigate residual 

tresses, hot isostatic pressing (HIP) to reduce porosity, and some 

orm of the surface finishing process to achieve the desired surface 

nish and geometrical tolerance. 

Heat treatment is commonly employed for AM Ti6Al4V, SS, Ni- 

ased superalloys, and Al alloys. SR heat treatments involve recov- 

ry. LB-PBF and DED parts are typically stress relieved before they 

re cut from the build platform to limit deviations from geomet- 

ical tolerance requirements. A SR heat treatment is performed at 

emperatures high enough to allow for atomic mobility but short 

nough in time to suppress recrystallisation and grain growth. 

igher temperature annealing typically result in grain growth, 

hanges in grain orientations, and can promote the formation of 

 more equiaxed microstructure. This is typically accompanied by 

 reduction in strength, a concomitant increase in ductility and 

 decrease in anisotropy (which may be desirable, as AM metals 

ften contain columnar, oriented microstructure, especially those 

abricated using the PBF processes). Higher temperature heat treat- 

ents, however, do not improve density and the surface finish. 
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Fig. 9. (a) SEM image of LB-PBF Ti6Al4V. Reproduced with permission from Sanaei et al. [16] . (b) SEM image EB-PBF Ti6Al4V. Reproduced with permission from Karlsson 

et al. [190] . (c) Micro-CT scan of specimen shown in (a). (d) Synchrotron radiation micro-tomography with a resolution of 1.5 μm of LB-PBF Ti6Al4V. Reproduced with 

permission from Kantzos et al. [186] . Copyright (2013) Elsevier and (2018) Springer). 

Fig. 10. Crack network in LB-PBF Tungsten. The figures show two laser exposure strategies resulting in varying melt pool sizes: shallow in (a) but deep in (b). The black 

arrows indicate transversal cracks. Reprinted with permission from Vrancken et al [206] . Copyright (2020) Elsevier. 
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HIP is a commonly recommended process for reducing poros- 

ty in parts fabricated using AM. For example, it has been shown 

o close internal flaws and cracks in LB-PBF Ni-based superalloy 

209] and Ti6Al4V [ 173 , 210–212 ]. Additionally, it can eliminate the 

esidual stresses [74] . If the gas containing flaws are not completely 

losed, subsequent heat treatments can reopen them [ 213 , 214 ]. A 

tudy of on LB-PBF Ti6Al4V [215] showed that while internal flaws 

ere closed during HIP, surface and near-surface flaws remain un- 
15 
ffected. In some instances, HIP may significantly alter the grain 

tructure of the AM parts through significant grain growth [216] . 

The most common method to improve the surface finish of an 

M part is machining using standard processes such as milling and 

urning. Due to the geometric complexity that AM allows for, CNC 

rocesses may often become necessary [2] , mostly in conjunction 

ith near-net shapes process such as DED [217] . However, the ge- 

metric freedom that AM offers necessitates undefined geometri- 
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Fig. 11. Surface finish after chemical etching of LB-PBF Ti6Al4V for (a) AB surface (AB), and after chemical etching (b–d) for different molar (M) solution concentrations. 

Reprinted with permission from Bezuidenhout et al. [219] . (Copyright (2020) Elsevier). 
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al process. Techniques that have been reported to help improve 

he surface finish include vibratory grinding [218] , chemical polish- 

ng [219] , electropolishing [220] , surface mechanical attrition treat- 

ent (SMAT) [221] , and ultrasonic nanocrystal surface modifica- 

ion (UNSF) [222] , as well as simple rotary-tool polishing or grind- 

ng with a belt sander (for flat surfaces) [16] . Bezuidenhout et al. 

219] showed that HF-HNO 3 could reduce the surface roughness of 

B-PBF Ti6Al4V by up to 90%, as illustrated in Fig. 11 . These pro-

esses can, however, be challenging to control and do not always 

eet the standards required for high-quality parts. Shot peen- 

ng has also been recommended as a surface finishing technique. 

hile it does not necessarily impart a significantly improved sur- 

ace finish, the mechanical working of the material’s surface in- 

uces compressive residual stresses that can significantly improve 

he fatigue life, for example, as shown by Kumar et al. [168] using 

B-PBF Ti6Al4V. 

. Tensile properties 

The quasi-static tensile properties of AM alloys are predom- 

nantly controlled by the microstructures in them, while poros- 

ty, surface roughness and residual stresses play a less significant 

ole (unless their levels are far too large, or the tensile ductility is 

ow). As outlined in Section 3 , the microstructures of direct fab- 

ication methods are fine with the presence of the solidification 

ellular structure; such refined (and sometimes metastable) mi- 

rostructures are attributed for the high static strength and low 

uctility compared to their conventionally produced counterparts 

 80 , 81 , 85 , 122 , 223 ]. In a number of AM alloys, the yield strength

YS) was found to obey the Hall-Petch relationship, implying that 

he finer microstructural features are the cause for the observed 

igh YS [224–226] . The properties of the alloys manufactured us- 

ng BJP, on the other hand, are similar to their conventionally pro- 

uced counterparts [40] . 

Tensile properties of AM alloys such as YS, ultimate tensile 

trength (UTS), and elongation at failure (EF) are often anisotropic 

ith YS and UTS being superior in the build direction (Z). 
16 
nisotropy in EF is often the most pronounced, with higher val- 

es in the orientations perpendicular to the build direction (X 

nd Y). This behaviour is attributed to the pronounced mesostruc- 

ure and in some cases crystallographic texture. In some instances, 

ptimised process parameters can reduce anisotropy by impart- 

ng more equiaxed microstructures to the built parts, as discussed 

ater. 

In most instances, however, post-process heat treatments are 

equired to improve quasi-static tensile properties. Such treat- 

ents often reduce the strength but increase ductility; the re- 

ulting strength-ductility combinations still meet standardised re- 

uirements in most instances, for example, in Ti6Al4V [15] . Heat 

reatments generally reduce anisotropy. However, some level of 

nisotropy often remains due to the inherent mesostructure in AM 

lloys. In the following, distinct features of the tensile properties of 

pecific alloy systems produced using the AM techniques are sum- 

arised. 

.1. Titanium alloys 

Table 1 gives an overview of selected tensile properties re- 

orted for AM Ti6Al4V. For comparison purposes, properties of the 

rought Ti6Al4V are also listed. As seen from it, while the AM al- 

oys can meet or even exceed YS and UTS of the ASTM specifi- 

ation (for example, surgical implants produced by cast [227] and 

rought [228] routes), EF is often lower. 

LB-PBF often yields an AB alloy with high YS and UTS of ∼ 1030 

nd ∼ 1200 MPa, respectively, and comparatively low EF between 

–10 %, which is due to the formation of martensite, α’. Xu et al. 

224] reported that by careful adjustment of LB-PBF parameters 

uch as layer thickness and volume energy, the temperature cycle 

uring build-up might be controlled in a way that α’ decomposes 

n-situ , leading to a more favourable high strength - high ductil- 

ty combination. LB-DED alloys have lower YS and UTS ( ∼ 960 and 

1100 MPa, respectively), with an improved EF that ranges be- 

ween 10 and 18%, due to the lower cooling rates. The EB-PBF pro- 

ess results in an alloy with an even more reduced YS and UTS 
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 ∼ 880 and ∼ 960 MPa, respectively), but with an improved EF 

hat ranges between 9 and 16%, attributed to the use of a heated 

uild platform in this process. (Far superior EF values of up to 25 

 have been reported by Murr et al. [229] ). 

Compared to LB-PBF, the ductility of AB parts produced using 

B-DED and EB-PBF processes is better due to a coarsened and 

amella α structure (in a β matrix). This is a consequence of the in 

itu tempering caused by heating of the build platform in EB-PBF 

nd a relativity slower cooling rate in LB-DED. However, ductility 

s low as 2.7% was reported by Choi et al. [230] , which could be

ue to oxygen contamination [113] in LB-DED due to the difficulty 

n controlling the environmental conditions in that process. Oxy- 

en pickup by titanium is known to be a significant factor in in- 

reasing its strength and reducing ductility [ 231 , 232 ]. Hence, such 

ariations in the chemical composition, even if they are minor, may 

ationalize the observed variance in the reported properties. This is 

vident in the LB-PBF processes that employ build platform heat- 

ng. For example, Vrancken et al. [202] , noted a low EF ( < 3.9%)

hen using build platform heating of up to 400 °C, and attributed 

he substantial reduction in the ductility to the oxygen pickup dur- 

ng processing. 

Anisotropy in tensile properties is present (to varying degrees) 

n all the alloys processed using the AM techniques considered in 

his overview. The anisotropy is most notable in the EF. For ex- 

mple, lower EF is generally observed in the horizontal orienta- 

ion (i.e., specimens loaded in either X or Y directions). This was 

ttributed to the columnar PBG structure or elongated grain mor- 

hology in Ti6Al4V [233] . A suitable combination of powder layer 

hickness and hatch strategy can result in a more equiaxed PBG 

tructure that, in turn, reduces the anisotropy and enhances the 

uctility. The failure mode of AB Ti6Al4V is mostly intergranular 

3] , with both brittle faceting and ductile tearing fracture modes 

depending on the PBG orientation due to their columnar nature) 

eing reported by Kumar et al. [97] . Recently, Ter Haar and Becker 

113] argued that anisotropy in the LB-PBF alloy is due to the dom- 

nant α’ microtexture. Their studies using EBSD and fractographic 

nalyses revealed that α’ laths shear preferentially along the max- 

mum shear stress trajectories and plastic flow localises within 

BGs. The dominant ∼ 45 ° habit planes within the columnar PBG 

tructure thus control anisotropy, whereby PBGs in the ZX-plane 

ave larger regions of microtexture promoting slip and hence duc- 

ility. 

Heat treatment results in the transformation of fine α’ or α
nto coarsened and lamellar α in a β matrix, to form an α + β
tructure similar to that obtained by the EB-PBF process or through 

onventional manufacturing routes. These microstructural changes 

ead to a reduction in YS (and UTS) and an improvement in EF. 

owever, significant grain growth at high AN temperatures can re- 

uce YS to 715 MPa, which is well below that of the wrought alloy

234] . Similar YS and UTS values between LB-PBF and EB-PBF are 

chievable after an appropriate heat treatment. However, ductility 

f LB-PBF Ti6Al4V is often lower than that of wrought and cast al- 

oys. A bimodal microstructure consisting of equiaxed primary α
hase and lamellar secondary α + β structure can be obtained in 

B-PBF Ti6Al4V by using a duplex heat treatment; EF of this alloy 

s substantially enhanced to 16–20% [103] . 

.2. Steels 

The tensile properties for selected AM steels, along with the 

olume fractions of different microstructural phases in them, are 

isted in Table 2 . In most cases, the properties often meet or ex- 

eed the specified values required for industrial applications in the 

B state itself. For example, LB-PBF 316L achieves YS and UTS of 

440 and ∼ 660 MPa, respectively, whereas the respective prop- 

rties of wrought 316L are 170 and 485 MPa [235] . Similarly, YS 
17 
nd UTS of LB-PBF 304L are ∼ 450 and ∼ 670 MPa, respectively. 

he considerable increase in both YS and UTS of most AM steels 

s due to the fine solidification cell sizes in them. Importantly, 

hese strength enhancements do not get offset by a marked reduc- 

ion in EF, with reported values for LB-PBF 316L and 304L rang- 

ng between 35 and 60%. However, high porosity levels can lead to 

 significant reduction in EF (for example in BJP steels), whereby 

he failure shifts from ductile to brittle failure mode [226] . Kumar 

t al. [40] report that in BJP 316L the unique combination of pla- 

ar slip, which prevails in the early stages of plastic deformation, 

nd other microstructural factors leads to the arrest of small cracks 

hat nucleate at the corners of the flaws and hence the ductility 

f the steel is flaw-insensitive . However, if the flaw size is signifi- 

ant enough, an order of magnitude reduction in EF is noted, as for 

xample in LB-DED 316L [236] . Like titanium alloys, the reported 

trengths depend on the processing methods employed as well as 

he microstructure obtained. The slower cooling rates in EB-PBF, 

ue to build platform heating, results in a comparatively lower YS 

nd UTS of ∼ 360 and 570 MPa, respectively. Steels produced with 

JP, on the other hand, work harden considerably after densifica- 

ion and ageing, with YS and UTS of ∼ 180 and ∼ 550 MPa, re- 

pectively, with an EF of ∼ 70%. 

Precipitation hardened steels 17-4PH and 18Ni300 are relatively 

ofter in the AB state as compared to their wrought counterparts, 

s the rapid solidification rates that prevail in most AM processes 

o not allow sufficient time for the precipitation to take place 

237–239] . 18Ni300 produced by LB-PBF displays lower YS and 

TS in the non-aged condition ( ∼ 950 and ∼ 1150 MPa, respec- 

ively) despite the finer microstructure in it. Retained austenite and 

ustenite reversion have been observed to result in transformation 

nduced plasticity, and consequently, exceptional work hardening. 

fter AG (both with and without ST), a significant increase in UTS 

to ∼ 2020 MPa) accompanied by a reduction in ductility is ob- 

erved, as expected. 

Anisotropy in tensile properties of AM steels is also commonly 

bserved, attributed to the aforementioned columnar microstruc- 

ure with a strong texture. This, however, can be overcome through 

n appropriate heat treatment. For example, a solutionising tem- 

erature of > 1050 °C is required for LB-PBF 316L for recrystalliza- 

ion to occur [93] . 

.3. Ni-based superalloys 

The tensile properties of AM Ni-based superalloys, summarised 

n Table 3 , are highly sensitive to the thermal history experienced 

y the alloy during and after fabrication. As a result, the reported 

roperties of alloys produced using different AM systems and heat 

reatment solutions range widely. This is due to the precipitation 

f γ ’ and γ ’’ and needle-like δ along grain boundaries in some 

f them. More consistent properties are achieved after the appro- 

riate ST + AG treatment is given. As previously highlighted, In- 

onel 718 requires slow heating and soaking at a temperature that 

s above 1050 °C, so as to enable the dissolution of the metastable 

aves phase that forms during AM. This reduces the degree of Nb 

icro-segregation by back-diffusion from the solute-rich regions 

nto the γ matrix. After ageing, the strength level of the AM alloy 

s similar to the wrought Inconel 718 [ 148 , 240 , 241 ]. UTS of ∼ 1150

nd ∼ 10 0 0 MPa with EF of ∼ 18 and ∼ 35 % in Inconel 718 and

25, respectively, can achieved. Typical of Ni-based superalloys, a 

trong correlation between the ageing time and strength exists. 

Alloys produced with the direct AM techniques tend to have a 

ne dendritic microstructure in the AB state, due to the high cool- 

ng rates, and as a consequence, exhibit a strong texture that re- 

ults in significant mechanical anisotropy [148] . However, a suit- 

ble combination of the process parameters can reduce anisotropy 

espite the directional solidification [241] . For example, equiaxed 
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icrostructure with a near-isotropic tensile strength was obtained 

n Inconel 718 by using a point heat-source fill strategy (over a lin- 

ar heat-source). However, anisotropy in EF remained [242] . 

.4. Al alloys 

A significant increase in the strength of Al alloys due to AM 

s commonly reported. For example, YS and UTS of ∼ 260 and 

340 MPa are measured on LB-PBF AlSi10Mg. Such strength en- 

ancements often come at the expense of EF, which vary between 

–8%. The improved strength is believed to be due to sub-grain 

oundaries and interdendritic Si that hinders the motion of dislo- 

ations [243] . Tensile properties of AlSi12 and AlSi10Mg are sum- 

arised in Table 4 ; typical properties of conventionally manufac- 

ured alloys are also listed for comparison. 

The anisotropic microstructure and crystallographic texture that 

rise in LB-PBF AlSi10Mg, lead to anisotropy in mechanical be- 

aviour. For example, the ductility of AlSi12 in the build direc- 

ion is only half of that in the transverse orientation, even though 

ifferences in strength are insignificant [ 80 , 244–248 ]. Variations 

n the grain size, grain orientation, cellular morphology, and melt 

ool arrangement due to the variations in process parameters can 

esult in strong anisotropy in both the UTS and EF. Paul et al. 

155] reported that loading along the build direction shows more 

ronounced strain hardening resulting in premature failure along 

he melt pool boundaries at a tensile strain of only ∼ 3.5% as com- 

ared to 5–7% failure strains for the orientation loaded perpen- 

icular to the build direction. Failure occurs along the melt pool 

oundaries when loaded in the build direction (Z), indicating a 

eakened interface at the melt pool mesostructure, where the cell 

tructures are coarser and mostly elongated [10] . 

It was demonstrated that such anisotropy can be reduced by 

ubsequent heat treatment. However, this generally comes with a 

ignificant loss in strength; for example, YS of LB-PBF AlSi12 re- 

uced to 95 MPa upon annealing [ 80 , 244 , 249 ]. A standard T6 heat

reatment has been shown to eliminate the Si network [157] . Dur- 

ng subsequent ageing, the original fine grain structure coarsens 

nd at the same time precipitates are formed. The former effect 

ounteracts the intended strengthening by the latter, and thus re- 

ults in the same YS as in the AB state [250] . 

. Fracture toughness 

Fracture toughness ( K Ic ) of a material defines the resistance 

ffered by it to cracking and is an essential property to ensure 

tructural integrity and reliability. In AM, the combination of a 

etastable microstructure, mesostructure, porosity and high resid- 

al stresses can adversely affect the alloy’s ability to resist fracture. 

ence, heat treatment of the AB parts is often mandated to impart 

 fracture toughness that is similar to that of the conventionally 

roduced alloy. This enables them to meet specified standards; for 

xample, Ti6Al4V for biomedical applications [ 227 , 228 ]. 

Broadly, K Ic depends on the following factors: the size of plas- 

ic zone ahead of the crack tip ( r p ), crack tip blunting, and crack

ortuosity or mixivity in the cracking mode. For example, a larger 

lastic zone size, often accompanied by crack tip blunting, in- 

uces substantial toughening. Similarly, crack mode mixivity can 

ead to substantial toughness enhancement due to shear-type (or 

ode II / III) fracture that promotes crack deflection (from mode 

). While plastic zone formation and crack blunting are intrinsic 

echanisms (that can lead to a conflict between strength and 

oughness; an increase in ductility leads to an improvement in 

 Ic , but could come at the cost of YS and UTS), crack tortuosity 

s an extrinsic mechanism that can increase the toughness with- 

ut affecting the strength [251] . Such extrinsic toughening mech- 

nisms have been observed in AM alloys, where crack tortuosity 
18 
rises from the mesostructure described in Section 3.1 . This can 

esult in a substantial increase in both K Ic and crack resistance 

‘R curve behaviour’) of some AM alloys over their conventionally 

roduced counterparts; examples are LB-PBF AlSi12 and AlSi10Mg 

eported by Suryawanshi et al. [252] and Paul et al. [155] , re- 

pectably. As such, both the cellular and mesostructures consid- 

rably affect an AM alloys’ fracture toughness and both need to 

e considered. While ductility increases fracture toughness, the 

nique mesostructure that can enhance strength and toughness 

roperties by careful parameter selection. 

Along with the alloy’s microstructure, the roles of residual 

tresses and the size and distribution of defects need to be con- 

idered carefully when determining the fracture toughness of AM 

lloys. For example, Cain et al. has reported an inverse correla- 

ion between the residual stress and anisotropy in K Ic of LB-PBF 

i6Al4V [253] . Similarly, Seifi et al. [173] reported a correlation 

etween porosity and K Ic for EB-PBF Ti6Al4V, as we will discuss 

elow. Because of these factors, significant anisotropy (and het- 

rogeneity in some cases) in K Ic is observed for AM alloys [15] . 

hile the process-specific attributes of residual stresses and defect 

istribution can be detrimental to K Ic , the mesostructure can sig- 

ificantly improve them. In the following, we summarise fracture 

roperties and features of the AM alloys specific to each family of 

lloys. 

.1. Titanium alloys 

The typical K Ic of wrought Ti6Al4V ranges from 30 to 

00 MPa 
√ 

m, depending on the materials microstructure [254] . 

n comparison, K Ic of AB LB-PBF Ti6Al4V could be as low as 

6 to 31 MPa 
√ 

m, primarily because of the presence of defects 

nd residual stresses [15] . After achieving densities above 99.5% 

nd heat treatment, K Ic improves between 48 to 67 MPa 
√ 

m 

 97 , 189 ]. These can be improved further; for example, Kumar et al.

98] and Dhansay [255] report K Ic values ranging between 75 to 

06 MPa 
√ 

m after duplex heat treatments. 

The observed enhancement in fracture toughness upon heat 

reatment is due to the formation of lamella α–β microstruc- 

ure, which is considerably more ductile. K Ic is highest in α + β
i alloys with lamellar microstructure [8] . Unlike rolled Ti6Al4V, 

here the crystallographic texture can induce anisotropy, the lack 

f a strong crystallographic texture in the AM alloy suggests that 

he columnar PBG structure is responsible for the anisotropy ob- 

erved. The mesoscopic columnar PBG structure aids crack tortu- 

sity, where the PBG boundaries act as weakened interfaces. Ku- 

ar et al. [98] conducted a detailed investigation into the link be- 

ween microstructure and K Ic in LB-PBF Ti6Al4V. Their results show 

hat anisotropy is related to r p , which is only ∼ 0.2 mm in the AB

ondition and increases by an order of magnitude to 2–3 mm af- 

er heat treatment. Since r p in the AB condition is similar to the 

pacing between the PBGs ( ∼ 0.14 mm), preferential crack growth 

long the boundary is possible only when a crack tip is close to 

 PBG boundary. A columnar to near-equiaxed PBG transition can 

e induced by altering the scan rotation from 90 ° to 67 °, as illus- 

rated in Fig. 3 c and d. The specimens with equiaxed PBGs obtain 

 near isotropic K Ic in the AB condition ( ∼ 48–54 MPa 
√ 

m) as well

s after the AN treatment ( ∼ 96–93 MPa 
√ 

m) [ 97 , 98 ]. 

In the AB state, Ti6Al4V produced using EB-PBF generally ex- 

ibits higher K Ic than its LB-PBF counterpart, predominantly be- 

ause of the α + β lamellar microstructure in it. Seifi et al. 

173] reported that K Ic of AB EB-PBF Ti6Al4V ranges widely (be- 

ween 43 and 95 MPa 
√ 

m) and noted a significant narrowing in the 

ange (to 61–3 MPa 
√ 

m) after HIP. On this basis, the wide range 

f K Ic in the AB state was ascribed to the combination of poros- 

ty and residual stresses since HIP reduces both. The reduction in 

he average K value after HIP is due to a twofold coarsening of 
Ic 



T.H. Becker, P. Kumar and U. Ramamurty Acta Materialia 219 (2021) 117240 

t  

a

c

v

i

e

c

6

r

F

3

a

i

t

m

t

v

t

i

c

n

t

c

w

a

p

t

a

t

t

t

5

d

i

s

s

m

6

b

t

d

a

t

t

w

p

m

s

c

M

d

f

i  

i

H

8

a

I

h

i  

K

c

i

e

e

T

a

d

b

w

[

6

p

s

p

t

o

t

K  

T

a

i

t

c

t

t

p

e

p

n

(

l

v

t

t

l

a

t

6

i

a  

a

c

t

A  

p  

h

s

s

a

s

t

i

h

t

t

s

t

a

he α laths, which reduced the alloy’s strength [ 15 , 173 ]. Seifi et al.

lso characterised the defects in EB-PBF Ti6Al4V and observed a 

orrelation between defect size and the measured toughness; the 

ariation in defect size was attributed to the material’s heterogene- 

ty that was dependent on the building height. Similar to Kumar 

t al.’s [98] findings, anisotropy exists (even after HIP) due to the 

olumnar PBG structure that provides an easy fracture path [173] . 

.2. Steels 

Compared to conventionally produced 316L, whose K Ic can 

ange between 112 and 278 MPa 
√ 

m, the AM alloy’s K Ic is lower. 

or example, K Ic ranges between 63 and 87 MPa 
√ 

m for LB-PBF 

16L [256] . This is likely due to defects, reduced ductility, and the 

bsence of transformation-induced plasticity (TRIP). The latter was 

llustrated by Kumar et al. [257] who observed a substantial reduc- 

ion (by ∼ 40%) in fracture toughness and a concomitant enhance- 

ent in anisotropy (by ∼ 16 %) with a mere 50 °C increase in the 

est temperature (from room temperature at which TRIP gets acti- 

ated to 75 °C where TRIP is no longer activable and the deforma- 

ion mechanism is dominated by dislocation glide and twinning) 

n LB-PBF 304L [ 257 , 258 ]. 

Though a mesostructure in the form of melt-pool boundaries 

an be observed in most steels fabricated using different AM tech- 

iques, no elemental segregation to those boundaries or misorien- 

ation across them could be seen. Whether the grain growth oc- 

urs within or across the melt-pool depends on its geometry as 

ell as the heat transfer mode (keyhole versus conduction modes), 

s illustrated in Fig. 4 e–g. Crack tortuosity induced by the melt- 

ool structure is possible, due to the intrinsically intertwined na- 

ure of melt pool and grain structures and, can result in toughness 

nisotropy [259] . 

K Ic of aged LB-PBF 18Ni300 (70-75 MPa 
√ 

m) is similar to that of 

he conventional alloy [127] . Yadollahi et al. [138] estimate (from 

he FCG data) K Ic of LB-PBF 17-4PH after ageing (H900 condition) 

o be ∼ 70 MPa 
√ 

m, which is purportedly higher than a K Ic of 

0 MPa 
√ 

m of CM PH-17-4 steel in H900 condition, this is likely 

ue to the higher ductility of the AM alloy. The number of stud- 

es that investigate the fracture toughness of AM steels is rather 

mall. Detailed studies on the influence of the AM specific features 

uch as solidification cells, localised crystallographic texture, and 

esostructures on fracture behaviour are yet to be performed. 

.3. Ni-based superalloys 

Like that of steels, not much fracture toughness data of AM Ni- 

ased superalloys is available. Results of the few studies suggest 

hat the fracture toughness of AM Inconel alloys is strongly depen- 

ent on the microstructure and thus thermal history experienced, 

s with tensile properties. Puppala et al. [260] reported that frac- 

ure toughness of LB-DED Inconel 625, estimated using the crack- 

ip opening displacement (CTOD) technique, is close to that of its 

elded counterpart but inferior to that of the wrought counter- 

art. They suggested that porosity influences fracture toughness 

arkedly as an increase in porosity (from 0.1 to 2.7%) resulted in a 

ignificant reduction in K Ic (from 95 to 65 MPa 
√ 

m), which was ac- 

ompanied by a ductile to brittle fracture mode transition [261] . 

ichael et al. [262] report that K Ic is location- and orientation- 

ependent in AB LB-PBF Inconel 718. This was attributed to the ef- 

ective porosity that the propagating encounters; a lower porosity 

n the vertical specimen (Z) results in a K Ic of 110 MPa 
√ 

m, whereas

t is 116 MPa 
√ 

m in a horizontal specimen (X or Y orientations). 

IP (at 980 °C) followed by SA and AG treatments reduce K Ic to 

2 MPa 
√ 

m. This could be due to the strengthening of the alloy, 

nd hence a reduction in ductility. Conversely, K Ic in AB LB-DED 

nconel 718 is 86 MPa 
√ 

m and nearly-doubles to 164 MPa 
√ 

m after 
19 
omogenisation (at 1100 °C) followed by ST and AG. (For compar- 

son, K Ic of the wrought alloy is 103 MPa 
√ 

m) [153] . Here, the low

 Ic in AB conditions was attributed to the absence of γ ′ ′ / γ ′ pre- 

ipitates in the γ matrix whereas high toughness after ageing is 

mparted by the precipitation strengthening by γ ′ ′ and γ ′ . How- 

ver, direct ageing treatment does not improve K IC due to the pres- 

nce of coarse Laves phases and heterogeneous γ ′ ′ / γ ′ precipitates. 

herefore, both high ST and AG treatments are required to achieve 

 K Ic that is comparable to CM counterparts [153] . As previously 

iscussed, dissolution of the Laves phases and homogeneous distri- 

ution of Nb can only be achieved by solutionising above 1050 °C, 

hich also leads to an equiaxed grain structure and grain growth 

151–153] . 

.4. Al alloys 

The presence of a contiguous network of inter-dendritic Si 

hase at the melt-pool boundaries in LB-PBF Al-Si alloys in the AB 

tate provides an easy path for crack propagation and consequently 

romotes extensive crack deflection [155] . Hence, the mesostruc- 

ures in these alloys exert a pronounced and often positive effect 

n the fracture toughness due to the mesostructure-induced crack 

ortuosity. In LB-PBF AlSi12, Suryawanshi et al. [252] reported that 

 Ic values are 2–4 times higher than that of the cast alloy [252] .

his toughness enhancement accrues despite the fact that the YS is 

lso ∼ 2 times higher, i.e., AM imparts simultaneous enhancements 

n strength and toughness, which is in contrast to most conven- 

ional alloys wherein a strength enhancement often comes at the 

ost of toughness and vice versa. Suryawanshi et al. [252] attribute 

he significant improvement in strength to both the microstruc- 

ural refinement and relatively higher Si in solid solution. The im- 

rovement in toughness is solely due to the mesostructure, which 

nhances the crack tortuosity through crack deflection at the melt 

ool boundaries [155] . Naturally, the mesostructure imparts tough- 

ess anisotropy, with the fracture toughness in the build direction 

Z) being higher, as the crack plane normal is parallel to the build 

ayers and crack propagation essentially occurs between the indi- 

idual layers. Annealing reduces K Ic of these alloys, although duc- 

ility is improved at the cost of strength. The decomposition of 

he melt pool boundary’s structure, including Si precipitates, is be- 

ieved to be the reason behind the lower resistance to crack prop- 

gation, i.e., lower K Ic . Nevertheless, the toughness of the heat- 

reated material is still double that of the cast alloy. 

Leonhard et al. [263] reported K Ic values ranging between 40 to 

0 MPa 
√ 

m for LB-PBF AlSi10Mg. The K Ic values, although signif- 

cantly higher than values of cast Al-Si alloys, e.g., AlSi10Mg has 

 K Ic of 11 to 20 MPa 
√ 

m [264] , may be somewhat elevated as

 result of specimen size effects [252] and a lack of fatigue pre- 

racking [263] before testing. 

In a recent paper, Paul et al. [155] reported equivalent fracture 

oughness values ranging between 23 to 30 MPa 
√ 

m for LB-PBF 

lSi10Mg in its AB state, similar to K Ic of 27 to 31 MPa 
√ 

m re-

orted by Liu et al. [265] . They noted that an increase in either the

atch spacing or layer thickness results in a larger columnar grain 

tructure with a wider cellular sub-structure. In contrast, the scan 

trategy controls the melt pool arrangement, and the formation of 

 melt pool dominated mesostructure. K Ic was found to be more 

ensitive to the scan strategy, whereas hatch spacing, and layer 

hickness exert a bigger impact on tensile properties (as discussed 

n Section 5.4 ). The alloy coupons built with a 90 ° scan strategy 

as reduced fracture toughness (19–27 MPa 
√ 

m) compared to ma- 

erial built with a 67 ° scan strategy (25–31 MPa 
√ 

m). This was at- 

ributed to the crack tortuosity; a less tortuous crack path is ob- 

erved in specimens built with the 90 ° scan strategy that results in 

he formation of two distinct melt pool orientations, compared to 

 random melt pool arrangement in the 67 ° material [155] . Crack 
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ropagation across the melt pool boundaries occurs through inter- 

nd trans-granular failure; intergranular failure is more likely to 

ccur along elongated grain boundaries where the crack passes the 

elt pool perpendicularly; transgranular failure is more likely to 

ccur where the crack crosses the melt pool boundary at an an- 

le. Moreover, crack deflection at the interface of the individual 

elt pools was observed in regions where crack deflection is en- 

rgetically more favourable than crossing a melt pool. Paul et al. 

155] suggest this indicates a difference in crack propagation resis- 

ance across the melt pool and along the melt pool boundary. 

. Fatigue crack growth characteristics 

Understanding fatigue crack growth (FCG) characteristics is of 

articular importance in safety-critical applications. This allows for 

he use of damage tolerant design methodologies in structural in- 

egrity and reliability assessments, where load fluctuations are in- 

vitable. Since several different types of defects are inherent to 

M, notably porosity and a rough surface finish, both of which are 

ighly detrimental to the fatigue behaviour of structural compo- 

ents, such understanding becomes critical for life prediction and 

ence part certification and widespread adaption of AM metals. 

Three regimes categorise the FCG behaviour of metals: Initia- 

ion or near-threshold regime I, steady-state growth or Paris regime 

 I , and fast fracture regime III . Regime III entails unstable, rapid

rack growth that is sensitive to variations in microstructure and 

tress state and is directly related to the alloy’s fracture toughness. 

t is important to note that the presence of the mesostructure is 

ikely to make ductility and K Ic of AM alloys uncorrelated, as previ- 

usly discussed. This implies that structural integrity assessments 

equire an in-depth understanding of fracture toughness properties 

elated to the underlying micro- and meso-structures, i.e., process, 

rientation and heat treatment specific fracture toughness prop- 

rties are required. Conversely, both residual stress and porosity 

o not adversely influence the fast fracture regime in a significant 

anner (unless their quantity is too large, which would make the 

rinted part’s suitability for application moot anyway) [211] . 

Regime II entails an incremental cycle-dependent advancement 

f the crack, visible through localised plastic deformation at the 

rack tip, and is less sensitive to variations in the microstructure, 

oad ratio ( R ) and the part geometry. This is because the size of

 p is several times the characteristic microstructural length scale. 

n the near-threshold regime I , crack growth either initiates or di- 

inishes and is dominated by shear mechanisms susceptible to 

he microstructure (as the size of r p and microstructural scales are 

imilar), R and the environment. 

The FCG behaviour of AM alloys is investigated reasonably- 

idely. Results of these are summarised in Table 5 –8 for Ti6Al4V, 

teels, Ni superalloys and Al-Si alloys. Broadly, the FCG perfor- 

ance of AM alloys is comparable to that observed in respective 

ast or wrought counterparts. However, the fine AB microstructure 

nherent to many AM alloys has been linked to the lowered FCG 

hreshold values ( �K th ). Conversely, roughness induced closure ef- 

ects are correlated with the mesostructure, such as the columnar 

BG structure in LB-PBF Ti6Al4V or melt pool structure in Al- al- 

oys. This implies that at low R , extrinsic factors such as the in-

eraction between asperities in the crack surface and other crack 

hielding mechanisms reduce the effective crack driving force and 

ence improve the near-threshold FCG behaviour. Generally, for 

 > 0.5 these effects are less prevalent, and an intrinsic thresh- 

ld value is measured. The strong influence of the underlying mi- 

rostructure in the near-threshold regime means that through heat 

reatment and subsequent grain growth, threshold values can be 

ncreased, and anisotropy reduced. 

Keeping the above in view, we summarise the common features 

f the FCG behaviour with respect to the steady-state FCG charac- 
20 
eristics (regime II) as well as the near-threshold FCG characteris- 

ics (regime I) first. We then highlight the specific characteristics of 

he near-threshold behaviours of each alloy system. Fracture tough- 

ess (regime III) is already discussed in Chapter 6. 

.1. Steady-state FCG characteristics 

Regime II of the fatigue crack growth behaviour in most met- 

ls and alloys is described using the widely employed Paris re- 

ationship, d a/d N = C�K 

m , where d a/d N is the crack length ad- 

ancement per load cycle, �K is the cyclic stress intensity factor 

ange, and m (FCG rate exponent) and C (FCG rate coefficient) are 

aterial-specific constants. It is understood that the steady state 

CG behaviour of AM alloys that were heat treated is generally 

imilar to their wrought or cast counterparts. This is expected as 

teady-state FCG rates are less sensitive to the microstructure; m 

s a global indicator that does not necessarily reflect information 

bout local effects such as microstructural features. However, alloys 

n the AB state generally exhibit higher FCG rates, as for example 

n LB-PBF, EB-PBF, and LB-DED Ti6Al4V [ 97 , 181 , 266 ], mostly due to

 shift in C to higher values. This is in-part due to the presence 

f high and nonuniform residual stresses; tensile residual stresses 

rovide an addition crack driving force causing a shift to a higher 

 , i.e., a shift in the mean applied stress while the cyclic applied

tress remains constant [ 181 , 211 , 267 ]. The study by Becker et al.

197] on LB-PBF Ti6Al4V showed that at a low R ( < 0.3), high resid-

al stresses resulted in a highly variable crack growth behaviour, 

hich was not apparent at higher R . This implies that at a low 

 , the influence of residual stresses is significant enough to influ- 

nce the crack driving forces and thus the FCG behaviour. Similarly, 

ain et al. [268] reported that FGC rates correlate with the residual 

tress levels; a faster FCG was observed at higher stress levels. This 

ay result in anisotropic behaviour ( Section 4.3 ). Since the resid- 

al stresses are known to be printing machine, scanning strategy, 

art size and orientation specific, the FCG behaviour of AM alloys 

n the AB state may well differ on different machines and setup, as 

s evident from the data provided in Tables 5–8 . 

FCG behaviour of AM Ti6Al4V has been most extensively stud- 

ed. The FCG behaviour is similar between HIP, AN and DA states. 

n most cases, a m value of ∼ 3.5 is reported after heat treatment, 

hich is similar to that of the wrought material [ 254 , 269 ]. In the

B state, a relativity lower m ∼ 2.7 is reported and is attributed to 

he presence of the fine α’ in it (in contrast to a α + β structure 

n the heat treaded condition). In the relatively-brittle α’ phase, fa- 

igue cracks propagate predominantly trans-granularly – between 

arallel alpha laths – with potential for deflection at primary α’ 

ath boundaries, resulting in decreased FCG rates [270] . Leuders 

t al. [211] show that flaws have little influence on the crack prop- 

gation behaviour in LB-PBF Ti6Al4V that has relatively low lev- 

ls of porosity, as localised stress concentration associated with 

he flaws does not provide any significant additional crack driving 

orce. This is in agreement with the observations of Poulin et al. 

261] , who investigated FCG behaviour of Inconel 625 with varying 

evels (0.1, 0.3 and 2.1%) of porosity. While the FCG behaviour is af- 

ected only marginally by the porosity level, it affects the fracture 

oughness significantly, as previously discussed. 

While the overall FCG behaviour of AM steels, including 316L 

nd 18Ni300 grades, is similar to their wrought counterparts 

with m of ∼ 3.9, and 2.5, respectively), it could be orientation- 

ependent, as reported by Riemer et al. [271] for LB-PBF 316L in 

B and SR conditions . This behaviour was attributed to the pres- 

nce of columnar cells in the microstructure, which enhances the 

rack path tortuosity, when the crack front is parallel to the colum- 

ar structure and, in turn, lowers the FCG rates. This anisotropy is 

ess apparent after HIP that results in a more equiaxed microstruc- 

ure. This suggests that more optimised process parameters, as re- 
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Table 5 

FCG behaviour of Ti6Al4V, generated by different AM processes and heat treatment conditions. 

Process Source Condition R Orientation �Kth[MPa 
√ 

m] m KIc[MPa 
√ 

m] 

Wrought [ 254 , 269 ] 0.1 4-5 3-4.8 65 ± 35 

LB-PBF [234] AB 0.1 Z-X 1.52 - - 

X-Z 1.82 

HIP (820 °C for 3 h, FC at 3 °C/min) 0.1 Z-X 3.3 

X-Z 3.46 

HIP (950 °C for 3 h, FC at 3 °C/min) 0.1 Z-X 4.13 

X-Z 4.53 

BA (1020 °C for 1 h, AC) 0.1 Z-X 6.22 

X-Z 7.29 

[ 267 , 270 ] AB 0.1 X-Y 2.7 2.77 ∗ - 

0.3 Z-X 2.0 

X-Y 2.1 

0.45 X-Z 1.7 

0.6 Z-X 1.9 

X-Z 1.6 

X-Y 1.7 

0.77 X-Z 1.5 

0.8 X-Y 1.6 

0.84 X-Z 1.5 

0.85 X-Y 1.5 

0.88 Z-X 1.8 

0.92 Z-X 1.8 

SR (480 °C for 8 h, FC) 0.1 Z-X 2.7 2.77 ∗ - 

X-Z 2.1 

X-Y 3.1 

0.3 Z-X 2.2 

X-Z 2.0 

X-Y 2.7 

0.6 Z-X 2.0 

X-Z 1.8 

X-Y 2.0 

0.75 Z-X 1.9 

0.85 X-Y 1.6 

0.86 X-Z 1.5 

0.88 Z-X 1.9 

[270] AN (910 °C for 8 h, WQ) + AN (750 °C 
for 8 h, FC) 

0.1 Z-X 5.6 3.51 ∗ - 

X-Z 6.0 

X-Y 6.2 

0.3 Z-X 4.5 

X-Z 4.9 

X-Y 5.3 

0.6 Z-X 3.1 

X-Z 3.7 

X-Y 4.1 

0.77 X-Y 4.3 

0.82 Z-X 2.7 

0.88 X-Z 3.3 

0.90 X-Z 2.8 

0.91 X-Y 3.7 

[97] SR (650 °C for 3 h) 0.1 Z-X 5.7 ± 0.1 3.53 ± 0.02 52 

X-Z 5.75 ± 0.05 3.28 ± 0.2 55 

[ 97 , 348 ] SR (650 °C for 3 h) 0.1 Z-X 4.12 - - 

X-Z 3.07 

[ 348 , 349 ] SR + HIP 0.1 X-Y 3.74 ± 1.1 - - 

[350] AN (720 °C for 2 h, FC) 0.1 Z-X 3.2 - 49.5 ± 1.5 ∗

HIP (920 °C for 2 h at 105 MPa, FC) 4.4 - 

AN (720 °C for 2 h, FC) 0.7 Z-X 2.0 - 

[268] AB 0.1 X-Y - 3.37 28 ± 2 

X-Z 3.83 23 ± 1 

Z-X 5.84 16 ± 1 

SR (650 °C for 4 h, FC) 0.1 X-Y 4.17 28 ± 2 

X-Z 3.11 30 ± 1 

Z-X 3.24 31 ± 2 

RA (890 °C for 2 h, FC) 0.1 X-Y 4.41 40 ± 1 

X-Z 2.94 49 ± 2 

Z-X 3.35 49 ± 1 

[189] AB 0.1 X-Y 6.3 2.61 ± 0.25 66.9 ± 2.6 

X-Z 5.8 2.36 ± 0.27 64.8 ± 17 7 

Z-X 5.9 2.45 ± 0.64 41.8 ± 1.7 

[255] DA (950 °C for 1 h, AC) + AN (700 °C 
for 2 h, AC) 

- X-Y - - 75 ± 1 

X-Z 75.7 ± 0.4 

Z-X 79.6 ± 1.1 

( continued on next page ) 

21 
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Table 5 ( continued ) 

Process Source Condition R Orientation �Kth[MPa 
√ 

m] m KIc[MPa 
√ 

m] 

[351] AB - X-Y - - 37 

AN (950 °C for 2 h, FC) X-Y 86 

HIP (915 °C for 2 h at 105 MPa, FC at 

11 °C/min) 

X-Y 58 

[352] SR (650 °C, FC) 0.1 Z-X 3.9 - - 

[211] AB 0.1 Z-X 1.4 ± 0.1 - - 

X-Z 1.75 ± 0.15 

RA (800 °C for 2 h, FC) Z-X 3.7 

X-Z 4.15 ± 0.45 

BA (1050 °C for 2 h, FC) Z-X 3.7 ± 0.6 

X-Z 5.35 ± 0.75 

HIP (920 °C for 2 h, FC) Z-X 4.2 

X-Z 6.1 

[353] AB - X-Y - - 52.4 ± 3.5 

EB-PBF [354] AB 0.1 Z-X 3.7 - 56.6 ∗

0.5 Z-X 2.7 

0.8 Z-X 2.2 

0.1 X-Z 4.2 49.8 ∗

0.5 X-Z 3.0 

0.8 X-Z 2.9 

BA (1100 °C for 0.5 h, FC) 0.1 Z-X 6.0 - - 

0.5 Z-X 4.8 

0.8 Z-X 4.5 

0.1 X-Z 6.0 - 82 ∗

0.8 X-Z 4.6 

[355] AB 0.1 X-Z 5.4 ± 0.3 - 82.6 ± 7.5 

X-Y 3.8 88 

0.3 Z-X 3.8 69 

X-Z 4.25 ± 0.65 79 ± 8 

X-Y 3.85 ± 0.05 89.5 ± 6.5 

0.7 X-Z 3.6 ± 0.1 70 ± 7 

X-Y 3.4 78 

[266] AB 0.1 Z-X 3.75 - - 

X-Z 4.31 

AN (950 °C for 1 h, WQ) + SR (500 °C 
for 7 h, AC) 

0.1 Z-X 3.95 - - 

X-Z 5.5 

[173] AB 0.1 X-Z 3.8 ± 0.3 - 74.5 ± 21 

X-Y 2.9 91 

0.3 Z-X 4.4 ± 0.4 82.5 ± 9.5 

X-Y 4.2 ± 0.8 90.5 ± 2.5 

0.7 X-Z 3.6 ± 0.1 70 ± 7 

X-Y 3.4 78 

HIP (950 °C for 3 h at 100MPa, FC) 0.3 Z-X 4.05 ± 0.65 81.5 ± 16 

X-Y 4.9 ± 0.1 71.5 ± 12 

[350] AN (720 °C for 2 h, FC) 0.1 Z-X 4.2 - 49.5 ± 1.5 ∗

HIP (920 °C for 2 h at 105 MPa, FC) 4.8 - 

AN (720 °C for 2 h, FC) 0.7 Z-X 2.9 - 

LB-DED [348] AN (704 °C for 2 h, FC to 538C, AC) 0.0 Z-X 3.11 - - 

X-Z 8.59 

[266] AB, low power laser 0.1 Z-X 2.88 - - 

X-Z 2.97 

AB, high power laser Z-X 3.74 

X-Z 3.72 

AN (950 °C for 1 h, WQ) + AN (500 °C 
for 7 h, AC), low power laser 

Z-X 3.14 

X-Z 3.34 

AN (950 °C for 1 h, WQ) + AN (500 °C 
for 7 h, AC), high power laser 

Z-X 3.5 

X-Z 4.05 

Z-X Crack opening in Z, crack direction in X or Y. 

X-Y Crack opening in X, crack direction in Y (or vice versa). 

X-Z Crack opening in X or Y, crack direction in Z. 
∗ Reported independent of R. 
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orted by Olivier et al. [92] , can reduce the anisotropy in the FCG

ehaviour. 

Similarly, the columnar cellular structure can lead to weakened 

nterfaces as, for example, highlighted in LB-PBF 17-4 PH in the 

recipitation-hardened state [272] . When the notch is perpendic- 

lar to the build direction ( Fig. 12 ), the crack initially propagates 

n mode I and then turns into mode II. This behaviour indicates 

he crack’s tendency to propagate along the columnar grain bound- 

ries. The presence of δ-ferrite along the elongated grain bound- 

ries, forming a weakened interface, is argued to be the primary 

eason for the observed deviation in the crack path. 
22 
The significant role that the mesostructure plays on the FCG 

ehaviour of AM alloys is most apparent in Al-Si alloys whose 

elt pool boundaries are characterised by the transition from fine 

o coarse cellular-dendritic microstructural features [80] . More- 

ver, directional solidification within each melt pool results in 

 cellular solidification structure with the 〈 100 〉 texture; the 

ost favourable growth direction in the cubic materials [273] . The 

esostructures, whose boundaries are decorated with a dense ar- 

ay of Si particles that are brittle, lead to the formation of cracks 

long the laser tracks [188] . Consequently, the relative orienta- 

ion of crack propagation with respect to that of the laser track 
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Table 6 

FCG behaviour of several stainless-steel grades, generated by different AM processes and heat treatment conditions. 

Alloy Process Source Condition R Orientation �K th [MPa 
√ 

m] m K Ic [MPa 
√ 

m] 

316L Wrought [256] - - - 12.5 ± 0.25 2.5 ± 0.3 195 ± 83 

LB-PBF [81] AB (single melt strategy) 0.1 Z-X 9.9 4.0 72.3 

AB (single melt strategy) 0.1 X-Z 9.1 4.1 62.9 

AB (checkerboard strategy) 0.1 Z-X 8.1 3.7 86.8 

AB (checkerboard strategy) 0.1 X-Z 7.8 3.8 79.6 

[ 271 , 348 ] AB -1 Z-X 2.59 - - 

AB -1 X-Z 3.92 

HIP -1 Z-X 3.57 

HIP -1 X-Z 3.88 

18Ni300 Wrought [127] - - - 5.6 ± 0.1 2.5 77.5 ± 7.5 

LB-PBF [356] AB 0.05 - 2.9 - - 

AN (635 °C for 6 h, FC to 

360 °C, AC) 

0.05 - 3.8 

[127] AB 0.1 Z-X 5.6 2.5 75.6 

AG (480 °C for 5 h, AC) 0.1 X-Z 5.8 2.5 70.2 

17-4 PH Wrought [357] 0.1 3.4 ± 0.7 50-120 

LB-PBF [138] AB 0.1 Z-X 5.5 ± 0.5 - 70 ∗

X-Z 2.68 ± 4.3 

0.4 Z-X 5.5 ± 0.5 

0.7 Z-X 3.35 ± 0.65 

ST (1040 °C for 0.5 h, AC) 0.1 Z-X 5.25 ± 0.25 - - 

0.7 Z-X 3.6 ± 0.6 

Table 7 

FCG behaviour of Inconel 625 and Inconel718, generated by different AM processes and heat treatment conditions. 

Alloy Process Source Condition R Orientation �K th [MPa 
√ 

m] m K Ic [MPa 
√ 

m] 

Inconel 

625 

LB-PBF [358] ST (1100 °C for 1 h) 0.1 Z-X 9.3 4.22 - 

X-Z 8.2 4.39 

0.5 Z-X 6.9 3.99 

X-Z 5.4 3.68 

0.7 Z-X 5.35 3.80 

[261] SR (870 °C for 1 h, FC), 0.1 

% porosity 

0.1 X-Z 7.5 3.07 94.8 

Z-X 7.1 2.91 96.4 

…, 0.3 % porosity X-Z 7.0 3.11 88.7 

Z-X 7.1 3.15 82.5 

…, 0.9 % porosity X-Z 6.8 3.07 82.0 

Z-X 7.2 3.53 76.7 

…, 2.1 % porosity X-Z 7.3 3.21 78.1 

Z-X 7.5 3.67 65.5 

Inconel 

718 

Wrought [269] 0.1 8.3 ± 1.8 

LB-PBF [281] AB 0.1 X-Z 1.5 - - 

LB-DED [359] AB 0.1 Z-X 3.0 2.22 - 

AG (720 °C for 8 h, FC; 

620C for 8 h, AC) 

0.1 Z-X 3.5 3.42 

ST (980 °C for 1 h, 

WQ) + AG (720 °C for 8 h, 

FC; 620 °C for 8 h, AC) 

0.1 5.0 4.76 

HSAT (1100 °C for 1.5 h, 

WQ) + SA (980 °C for 1 h, 

WQ) + AG (720 °C for 8 h, 

FC; 620 °C for 8 h, AC) 

0.1 Z-X 10.8 4.97 

Z-X Crack opening in Z, crack direction in X or Y. 

X-Z Crack opening in X or Y, crack direction in Z. 
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s an important factor that determines the FCG rates, leading to 

rientation-specific crack path profiles, as illustrated in Fig. 13 . 

imilarly, the columnar PBG structure in LB-PBF Ti6Al4V, has been 

inked to orientation dependent FCG behaviour. In an AB state the 

BG imparts varying levels of crack tortuosity, which effects the 

rack closure, as we will later discuss. 

.2. Near-threshold FCG characteristics 

The near-threshold FCG behaviour, which is highly sensitive to 

he microstructure of the alloy, depends on the loading conditions 

ue to crack closure mechanisms associated with crack geometry 

crack deflection or branching), crack tip shielding (phase trans- 

ormation, plasticity or residual stresses) and environmentally in- 
23 
uced effects [274] . The interaction between crack closure and FCG 

ivots on the contacting crack faces absorbing a portion of the load 

uring each loading cycle; therefore, locally decreasing the driving 

orce [275] . 

The threshold behaviour of AM alloys is reported in several pa- 

ers, as summarised in Tables 5–8 . The fine microstructure inher- 

nt to many of the AM processes (especially in the AB state) re- 

ults in a relatively low FCG threshold value as compared to those 

f the wrought or cast counterparts in which the microstructure 

s relatively coarser. Notably, roughness induced closure effects are 

inked to the mesostructure common in AM produced metals, such 

s for example in Ti6Al4V due to the columnar PBG structure 

197] or melt pool structure in AlSi10Mg and Al12Si alloys [188] . 

he strong influence of the underlying microstructure means that 
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Table 8 

FCG behaviour of AlSi12 and AlSi10Mg, produced using different AM processes and heat treatment conditions. 

Alloy Process Source Condition R Orientation �K th [MPa 
√ 

m] m K Ic [MPa 
√ 

m] 

AlSi10Mg Cast [ 127 , 264 ] 0.1 3 ± 1 5.4 15 ± 5 

LB-PBF [188] AB 0 X-Z 1.30 ± 0.05 - - 

0.7 Z-X 1.2 ± 0.05 

X-Z 1.03 

-1 X-Z 3.20 

[360] AG (300 °C for 2 h, FC) X-Y - - 27.7 ± 4 

[361] AB -1 Z-X - - 37.4 

AG (300 °C for 2 h) 30.4 

AG (300 °C for 2 h) + HIP 

(250 °C for 2 h at 180MPa) 

27.3 

AlSi12 Cast [80] 0.1 3.4 5.4 11.1 

LB-PBF [33] AG (240 °C for 2 h) -1 Z-X 3.2 - - 

AG ((240 °C for 2 h) (build 

platform heating) 

3.5 

[80] AB 0.1 Z-X 1.4 3.7 37.9 

X-Z 1.1 3.1 46.7 

AG (300 °C for 6 h) Z-X 3.1 3.7 19.3 

X-Z 2.0 3.1 21.7 

[155] AB (90 ° layer rotation) X-Z - - 23.8 ± 1.1 

Z-X - - 19.4 ± 1.8 

AB (67 ° layer rotation) X-Z - - 30.4 ± 0.1 

Z-X - - 24.9 ± 0.4 

Z-X Crack opening in Z, crack direction in X or Y. 

X-Z Crack opening in X or Y, crack direction in Z. 
∗Reported independent of R 

Fig. 12. (a) Crack path in 17-4PH steel having undergone a precipitation hardening heat treatment. Locations 1 and 2 show (b) microstructure at 1, and (c) microstructure at 

2. Arrows indicate shear bands that are attributed to δ-ferrite, which accelerates crack growth due to the weak interface of δ-ferrite and martensite as well as low plasticity 

and brittleness behaviour of δ-ferrite. Reprinted with permission from Nezhadfar et al. [272] . Copyright (2019) Elsevier. 
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hrough heat treatment and subsequent grain growth, the thresh- 

ld behaviour and anisotropy in it can be improved. This is par- 

icularly relevant, as most of FCG and hence part life, is spent in 

egime I. Improvements in near-threshold behaviour directly im- 

act the material’s sensitivity to flaws and surface roughness and 

herefore the fatigue life. 

The orientation-specific nature of the mesostructures inherent 

n AM alloys means significant anisotropy in the regime I as well, 

oth in terms of the measured �K th and closure behaviour. Thus, 

nlike tensile properties, near-threshold FCG behaviour of AM al- 
24 
oys is often orientation dependent. While commonly reported 

nly in Z and X or Y directions, the mesostructure of the material 

deally necessitates investigations into the two crack planes, i.e., 

ormal to the XY- and XZ- or YZ-planes, and the two crack prop- 

gation directions, i.e., in the Z and X or Y directions, resulting in 

hree unique orientations, namely Z-X, X-Y and X-Z, where the first 

etter represents the direction normal to crack plane and the sec- 

nd letter represents the crack propagation direction. While eight 

ifferent variations are possible [276] , as is with extruded or rolled 

aterials, the commonly employed layer rotation of the line-by- 
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Fig. 13. Scanning electron micrographs showing fracture surface along laser tracks in LB-PBF AlSi12 in the (a) Z-X and (b) X-Z direction. Reprinted with permission from 

Suryawanshi et al. [80] . Copyright (2016) Elsevier. 
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ine build strategy creates a likeness in X and Y, resulting in only 

hree unique crack plane and growth direction combinations. 

.2.1. Ti alloys 

In the AB condition, the LB-PBF Ti6Al4V has a relatively low 

K th (1.5–1.8 MPa 
√ 

m for R > 0.5) that is similar to the welded

aterial. This was attributed to the fine, needle-like α’ microstruc- 

ure [267] . In contrast, �K th values measured on the EB-PBF al- 

oy are significantly higher, ranging between 2.7 to 3.4 MPa 
√ 

m for 

 > 0.5. This is because the EB-PBF alloy has an α + β microstruc- 

ure with a bigger lath size in the AB state itself, due to signifi-

antly slower cooling rate inherent to this process. After heat treat- 

ent, �K th of both EB-PBF and LB-PBF alloys increase substantially 

o between 3.1 to 4.6 MPa 
√ 

m at R > 0.5. Zhai et al. [266] reported

K th for heat treated EB-PBF and LB-DED materials, that are simi- 

ar to the wrought material (3–4 MPa 
√ 

m). 

Anisotropy in the near-threshold FCG behaviour is most appar- 

nt in the alloys that are in the AB state. For understanding this, 

oth �K th and closure effects need to be considered. Becker at al. 

267] suggest that the anisotropy is due to the morphological tex- 

ure; the primary α laths orientated at ∼ 45 °, , act as barriers to 

rack growth, resulting in crack deflection and branching at their 

oundaries. This leads to a different ratio of transgranular vs. in- 

ergranular fracture facets in the Z-X orientation as compared to 

hat obtained on the X-Z and X-Y planes. The required crack driv- 

ng force will, therefore, differ between the crack planes. This is 

n agreement with the observations of Xu et al. [277] , who com- 

ared the fracture morphologies in the X-Z and Z-X orientations. 

imilarly, Kumar et al. [168] showed that the PBG structure ex- 

rts a direct influence on the FCG behaviour in the near-threshold 

egime in LB-PBF Ti6Al4V; crack deflection is observed along lath 

oundaries and through the β phase along grain boundary α (after 

eat treatment). Such deflections reduce the mode I crack driving 

orce significantly, which may lead to the arrest of the crack from 

ropagating altogether. This is particularly evident when compar- 

ng the cracking orientation relative to the columnar PBG structure, 

s shown in Fig. 14 . In some instances, a preferential crack path 

long PBG boundaries is visible, that is perpendicular to the crack 

lane, causing a mixivity in the fracture mode, whereby shear- 

ype cracking (mode II / III) occurs over that of the opening mode 

mode I). 

The level of crack deflection is also orientation-specific, mostly 

ue to the influence of the primary lath morphology that is depen- 

ent on the PBG structure. Cracks propagating in the Z-X and X-Z 

rientations encounter an equiaxed PBG structure ahead of them, 

hereas cracks with the X-Y orientation experience an elongated 

ne. The net effect will be varying levels of asperities in the crack 
25 
ake, leading to differences in the roughness induced closure ef- 

ects. Macallister et al. [270] show that a DA heat treatment, which 

esults in a bimodal microstructure, removes this mesostructural 

ffect, confirming that crack closure is driven by the PBG structure. 

s such, the columnar PBG structure is considered a major draw- 

ack as it results in anisotropy in terms of crack growth kinetics. 

.2.2. Steels 

The FCG behaviour of AM steels, including 316L, 17-4 PH and 

8Ni300 steels, has been investigated. Riemer et al. [271] reported 

rientation-dependent �K th in AB and SR conditions for LB-PBF 

16L and reported a marginally lower threshold value (9.1 MPa 
√ 

m) 

n the X-Z orientation as compared to that in the Z-X orienta- 

ion (9.9 MPa 
√ 

m). This difference is attributed to the tortuosity 

hat crack experiences; crack propagation along columnar grains 

X-Z) results in a smooth, less tortuous crack path whereas, crack 

rowth in the Z-X orientation leads to a more tortuous crack 

ath, resulting in fracture mode mixivity and consequently lowered 

K th . An equiaxed grain structure obtained through HIP results in 

sotropic crack growth properties that are comparable to those of 

he wrought 316L. 

Unlike LB-PBF 316L, 18Ni300 does not seem to exhibit any 

ronounced anisotropy. A m of 2.5 and �K th of ∼ 5.7 MPa 
√ 

m 

t R = 0.1 is reported, which are similar to those obtained on 

he wrought counterparts (2.5 and 5.6–5.8 MPa 
√ 

m, respectively). 

uryawanshi et al. [127] attributed the lack of anisotropy they 

bserved in LB-PBF 18Ni300 to the absence of pronounced crys- 

allographic texture and the negligible role of the mesostructure 

n strength. Notably, the scale of crack tortuosity is considerably 

mall; crack deflections are similar in length scale to the solidifi- 

ation cell sizes of about 0.5 μm in the X-Z orientation. Since such 

eflections do not retard crack growth, roughness induced crack 

losure would not play any significant role in determining �K th . 

owever, near-threshold behaviour for R > 0.5 has not been ex- 

ensively studied in AM maraging steels. It is likely that the pref- 

rentially orientated cellular structure and mesostructure may lead 

o differences in closure effects [138] . 

BJP 316L presents with an improved near-threshold FCG per- 

ormance compared to the LB-PBF material [40] . This is because 

he microstructural features resulting from BJP process contain an 

bundance of effective barriers for FCG in regime I, such as the 

nnealing twin boundaries with a misorientation of 60 °, δ-ferrite 

hases, and large angle grain boundaries. Conversely, in the LB- 

BF material, plastic deformation is readily aided through disloca- 

ion cross-slip because of the presence of fine solidification cellular 

tructure. Moreover, since the misorientation in 50% of columnar 

rain boundaries is < 5 °, LB-PBF microstructures are less effective 
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Fig. 14. Crack profile in the Z-X (Edge), X-Z (Vertical) and X-Y (Flat) orientations of LB-PBF Ti6Al4V. All micrographs are in the AB state and were taken at locations in the 

near-threshold regime ( < da/dN = 10 −9 m/cycle). Reprinted with permission from Becker at al. [267] . Copyright (2020) Elsevier. 
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n arresting the growth of the fatigue cracks. This, in conjunction 

ith a relatively smaller flaw size geometry significantly improves 

he unnotched fatigue performance of BJP 316L, as we will later 

iscuss. 

.2.3. Ni-based superalloys 

The study of Ganesh et al. [278] focused on the FCG behaviour 

f LB-DED Inconel 625 and found that the FCG behaviour is con- 

iderably inferior to those of its wrought counterpart at the lower 

tress intensity range, �K , of 14 and 24 MPa 
√ 

m, while no differ-

nces were seen in the steady-state regime with a m of ∼ 3.2. 

ear-threshold FCG was observed to occur along the columnar 

acets that lay along the macroscopic crack growth direction. A dis- 

inct feature of these alloys is that fine non-equilibrium Laves par- 

icles can remain at the interdendritic regions after a non-optimal 

eat treatment (see Section 3.2 , typically associated with over- 

geing) [279] . These regions can become relatively weaker sites, 

nitiating fractures during tensile testing, and are likely to promote 

CG in the near-threshold regime. 

The role of building direction and heat treatment process in the 

CG behaviour of LB-PBF Inconel 625 was reported by Poulin et al. 

261] . The �K th value stayed independent of porosity levels at 7.18 

Pa 
√ 

m at R = 0.1, which is to be expected. While the FCG resis-

ance in the AB state is highly dependent on the orientation, heat 

reatments such as SR and HIP not only improve the FCG behaviour 

ut also reduce its anisotropy. Kone ̌cná et al. [ 280 , 281 ] reported an

nferior FCG resistance of LB-PBF Inconel 718 in the near-threshold 
26 
egime, compared to the wrought alloy, which was attributed to 

 low content of boron, finer microstructures and residual stress. 

oron content was previously shown to enhance the grain bound- 

ry cohesion by minimising the deteriorative effect of oxygen and 

he increase in the resistance to the dislocation movement at the 

rack tip [282] . A three-fold increase in �K th value after HSAT was 

eported, as some of the aforementioned causes were mitigated 

hrough the heat treatment. 

.2.4. Al alloys 

Measured values of �K th in both AM AlSi12 and AlSi10Mg al- 

oys range between 1 to 1.3 MPa 
√ 

m in its AB state. Although they 

mprove considerably, to between 2 to 3 MPa 
√ 

m, after ageing, they 

re still lower that the values of 3–3.4 MPa 
√ 

m reported for the 

ast alloy. This is possibly due to a lower YS of the cast alloy, which

esults in a relatively larger r p and hence plasticity-induced crack 

losure, elevating �K th . The higher value of m in the cast alloy of 

5, compared the LB-PBF alloy of ∼ 3.4, is a result of the presence 

f significantly larger Si dendrites in the cast alloy’s microstructure, 

hose fracture and debonding within r p increases the crack veloc- 

ty per load cycle. Although Si dendrites are also observed in the 

B-PBF alloy, the cast alloy exhibits a eutectic structure of Al and Si 

long with dispersed primary α-Al phase, which are characteristic 

f a hypo-eutectic composition. This is absent in the LB-PBF alloy. 

lso, the LB-PBF alloy has a much finer microstructure. Suryawan- 

hi et al. [80] argue that tortuosity arising from the mesostructure 

esults in roughness-induced crack closure and hence reduces the 
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rack driving force and FCG rates [80] . While LB-PBF AlSi12 ex- 

ibits lower �K th , it also exhibits slower FCG rates and a signifi- 

ant increase in fracture toughness [80] . 

. Unnotched Fatigue 

The process-related attributes of AM discussed in Section 4 are 

articularly detrimental to the high cycle fatigue (HCF) perfor- 

ance of AM alloys. The low HCF strength is most often attributed 

o the high surface roughness [283–285] ; asperities in the surface 

ct as fatigue crack initiation sites. Also, internal defects (in size 

r number), in particular LOF defects with a low aspect ratio, act 

s fatigue crack initiation sites [ 181 , 182 , 218 ]. Thus, both the sur-

ace roughness and porosity play a dominant role in controlling 

he overall fatigue life in AM parts [218] . While residual stresses 

ay also affect the near-threshold FCG, as discussed in Section 7 , 

heir influence is less apparent. The material’s microstructure ex- 

rts a relatively less dominant and indirect influence. However, it 

ffects the incubation period for fatigue crack initiation, which is 

articularly important for the HCF life, as we will discuss below. 

The HCF strength can be improved, for example, by recourse 

o HIP treatments that transform the microstructure and reduce 

orosity, and by machining to improve the surface finish. Given 

he critical role that HCF properties play in selecting both materi- 

ls and manufacturing methods in the design of structural compo- 

ents, fatigue properties of AM materials must be thoroughly char- 

cterised, and strategies for alleviating a low HCF strength iden- 

ified and implemented. Below, we discuss the HCF behaviour of 

M alloys, with emphasis on the structure-property correlations. 

nless indicated otherwise, HCF strength is defined by the stress 

mplitude at which fatigue failure did not occur even after 10 7 cy- 

les. In most cases, it is evaluated using the rotating bending fa- 

igue (RBF) testing methodology where the cyclic stress is fully re- 

ersed, i.e., R = -1. In some instances, axial fatigue (AXF) tests in 

ension-tension (typically at R = 0.1) are reported, as indicated. The 

vailable HCF data for each alloy system are summarised in Tables 

–12 . 

.1. Ti6Al4V 

Among the possible Ti alloys, only the HCF strength of AM 

i6Al4V has been reported in literature. In the AB condition, the 

CF strength of LB-PBF Ti6Al4V is considerably inferior (ranging 

rom 75 to 200 MPa) to that of the wrought alloy (500–650 MPa) 

 286 , 287 ]. Improving the surface finish significantly increases the 

lloy’s HCF strength (200–350 MPa) [ 182 , 284 , 285 ]. The overall den-

ity of the built part has a similar role; Gong et al. [182] reported

n improvement from 45 to 180 MPa and 50 to 270 MPa (AXF, 

 = 0.1) for LB-PBF and EB-PBF Ti6Al4V, respectively, by improving 

he density. Even if the part is subjected to SR, no noticeable im- 

rovement in the HCF behaviour is observed [ 288 , 289 ], suggesting 

hat residual stress does not play a critical role in determining the 

CF strength. 

Both HIP and shot peening considerably improve the HCF 

trength by closing flaws in the volume and near the surface, re- 

pectively. However, the effect of a HIP is limited if a high sur- 

ace roughness remains unaltered [ 285 , 290 ]. With shot peening, 

he surface roughness is reduced, allowing for fatigue strength as 

igh as 575 to 610 MPa, which is comparable to the wrought al- 

oy’s HCF strength [ 218 , 285 ]. Shot peening offers the advantage 

f introducing compressive residual stresses near the surface, re- 

ucing the surface roughness sensitivity [ 168 , 220 , 288 ]. More re-

ently, the use of laser shock peening has been proposed by Lan 

t al. [291] , which results in considerably larger case depths of 

450 μm with a compressive stress of ∼350 MPa. Concomitantly, 

rain refinement and globalisation of the α phase in the peened 
27 
egions are observed. The potential improvement in HCF strength 

as, however, not examined by them. 

In the AB state, the HCF strength obtained on machined and 

olished specimens with highest densities is still inferior to those 

f the wrought alloys, highlighting the role of the microstruc- 

ure. AN enhances the fatigue performance by modifying the mi- 

rostructure to improve the inherent defect tolerance, which is di- 

ectly related to near-threshold FCG rate, as detailed in Section 7 . A 

etailed analysis of size, shape and distribution of flaws and their 

ffect on HCF behaviour of four different LB-PBF Ti6Al4V, which 

ere produced using different combinations of layer thickness and 

can rotations, was carried out by Kumar and Ramamurty [168] so 

s to examine the influence of flaw characteristics and microstruc- 

ure on the HCF behaviour. RBF tests were conducted in the AB, 

eat-treated and shot-peened (SP) conditions. X-ray tomography 

as utilised to characterise the size, shape, and distribution of the 

aws in the alloys. Their results show a significant difference be- 

ween the HCF strengths of alloys produced using different process 

arameter combinations ( Fig. 15 ). The HCF strength of alloy pro- 

uced with a layer thickness ( t ) of 30 μm and scan rotation ( φ) of

0 ° is significantly lower (340 MPa) as compared to that produced 

ith the combination of 60 μm and 67 ° (475 MPa), even though 

heir relative densities are almost similar (99.63 and 99.83%, re- 

pectively). The tomography results show that the flaw sizes and 

istribution are sensitive to the process parameters utilised. By re- 

ourse to the Kitagawa-Takahashi (KT) diagram that predicts the 

ailure envelope, Kumar and Ramamurty [168] rationalised the rel- 

tively lower HCF strength in samples built with φ = 90 ° to the 

igher probability of finding flaws with a size greater than a crit- 

cal size a i . The value of a i is directly linked to applied stress 

nd �K th of the material within the fracture mechanics framework 

hrough: 

 i = 

1 

π

(
�K th 

Y σa 

)2 

(1) 

here Y is a geometry factor based on the specimen and flaw 

eometry, and σ a is the cyclic stress amplitude. With the known 

alue of �K th , a i can be plotted as a function of σ a , as shown in

ig. 15 a and b shows that the cumulative probability of flaws with 

 > 36.5 μm ( a i corresponding to the HCF strength) is 18% in case

oupons built with φ = 90 °, as compared to only 2% in those built 

ith φ = 67 °. In other words, most of the flaws in the latter case

re benign, resulting in a higher HCF strength. 

Furthermore, based on the study by Macallister et al. [270] , a 

igher damage tolerance may be possible after DA. Using the same 

ational as above, a �K th of 5.6 MPa 
√ 

m (in the Z-X direction, 

 = 0.1) results in an increase of ∼ 50% in the critical flaw size. 

n Kumar and Ramamurty’s study [168] , the respective increase 

n HCF performance after DA is due to the increase in �K th and 

he cumulative probability of flaws having a larger diameter than 

 critical size. 

This relationship between the process related attributes of flaw 

ize and distribution as well as surface roughness and the mi- 

rostructurally dependent �K th with HCF strength is critical for 

he widespread adoption of AM parts in load bearing application 

s it can be used to predict fatigue life. Moreover, the relationship 

ill hold for other AM metals. For example, Beretta and Romano 

292] examined the defect sensitivity of fatigue strengths in LB- 

BF AlSi10Mg, while Romano et al. [293] on LB-PBF 17-4PH. Zerbst 

t al. [294] provides an overview on a damage tolerant design ap- 

roach for AM metals that is based on the above process related 

ttributes. 
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Table 9 

HCF strength of Ti6Al4V, generated by different AM processes, heat treatment conditions. 

Process Source Condition R Orientation 

HCF strength 

[MPa] Crack initiation site 

Size of 

defect [μm] Density [%] 

Wrought [311] -1 500-600 - - - 

LB-PBF [168] SR (650 °C for 3 h, AC), MP -1 Z 407 ± 68 near-surface flaw 30-80 99.61- 

99.83 DA (920 °C for 0.5 h, 

FC) + (700 °C for 2 h, AC), 

MP 

425 ± 50 near-surface flaw 

DA (920 °C for 0.5 h, 

FC) + (700 °C for 2 h, AC), 

SP 

487 ± 38 internal flaw 

[181] AB 0.2 Z 80 internal flaw 200-300 - 

AB, MP X 200 internal flaw 

[283] AB -1 45 ° to Z 98 ± 23 surface - - 

[290] AN (820 °C for 4 h, 820 °C 
for 1.5 h, FC) MP 

-1 - 220 Near-surface flaw - - 

HIP (920 °C for 2 h, 

102MPa) 

230 surface 

HIP, MP 350 

[289] SR (650 °C for 3 h, AC) 0.1 45 ° to Z 210 surface 30-80 99.6 

[ 288 , 289 ] SR (650 °C for 3 h, AC), MP 0.1 45 ° to Z 510 LOF flaw 30-80 99.6 

[288] AB, SP 0.1 45 ° to Z 435 internal flaw 30-80 99.6 

[362] SR (800 °C for 2 h), MP -1 Z 310 ± 40 surface and 

internal flaw 

94-200 - 

SR, HIP (920 °C for 2 h, 

100MPa), MP 

Z 550 internal flaw 

[284] AB -1 - 200 surface - 98.6-99.3 

AB, MP 350 internal flaw 

HIP (900 °C for 2 h, 

100 MPa), MP 

500 surface 

[182] AB, MP 0.1 Z 45 LOF flaw - 95 

180 ± 20 LOF flaw 99 

[218] SR (540 °C for 4 h, FC) 0.1 45 ° to Z 135 surface - - 

SR + HIP (810 °C for 2 h, 

200 MPa), VP 

45 ° to Z 220 ± 40 surface 

SR + HIP, MP 45 ° to Z 225 internal flaw 

SR + HIP, SB 45 ° to Z 259 surface 

SR + HIP, MP 45 ° to Z 270 internal flaw 

[285] AB -1 Z 155 surface 20-100 - 

HIP (920 °C for 2 h, 

100 MPa) 

Z 208 ± 13 surface 

AB, MP Z 370 near-surface flaw 

HIP, MP Z 610 internal flaw 

[220] SR (670 °C for 5 h) -1 Z 221 near-surface flaw - 99.5 

SR (670 °C for 5 h) 0.1 Z 141 near-surface flaw 

SR (670 °C for 5 h) -3 Z 308 near-surface flaw 

SR, AN (920 °C for 2 h, FC) -1 Z 191 near-surface flaw 

SR (670 °C for 5 h), EP -1 Z 242 near-surface flaw 

SR (670 °C for 5 h), SP -1 Z 340 internal flaw 

HIP (920 °C for 2 h, 

100 MPa), VP 

-1 Z 350 surface - 99.9 

[317] AB, MP 0.1 - 250 internal flaw - - 

EB-PBF [362] AB, MP -1 Z 375 ± 25 surface - - 

[363] DA (935 °C for 1.75 h, AC), 

(705 °C for 2 h, AC) 

-1 X 221 ± 11 surface - - 

DA, CP X 406 ± 11 internal flaw 

DA, LSP X 450 ± 3 internal flaw 

AB, SP X 371 ± 7 internal flaw 

[182] AB, MP 0.1 Z 50 internal flaw - 95 

AB, MP Z 270 internal flaw 99-100 99 

[285] AB -1 Z 140 surface 50- 500 - 

HIP (920 °C for 2 h, 

100 MPa) 

Z 195 surface - - 

AB, MP Z 250 ± 10 near-surface flaw 

HIP (920 °C for 2 h, 

pressure of 100 MPa), MP 

Z 590 internal flaw 

[317] AB, MP 0.1 - 153 near-surface flaw - - 
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.2. Steels 

The available literature on the HCF strength of steels pro- 

uced using EB-PBF and DED processes is limited, with most 

f the work reported hitherto being on alloys fabricated us- 

ng LB-PBF processes. The HCF strengths of austenitic stainless 

teels such as 316L and 304L produced via AM can be as low 
28 
s 100 MPa when LOF flaws in them are large [ 295 , 296 ]. Re-

ucing the porosity and surface roughness improves the HCF 

trength to between 200 to 250 MPa, which is similar to the 

CF strengths of the conventionally manufactured steels of simi- 

ar grain size [297–299] . Wood et al. [300] observed that SR had 

ittle effect on the HCF strength. However, as with Ti6Al4V, shot 

eening results in a significant improvement (20 to 40%) in HCF 
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Table 10 

HCF strength of selected steel grades, generated by different AM processes, heat treatment conditions. 

Process/material Source Condition Orientation R 

HCF strength 

[MPa] Crack initiation site 

Size of 

defect [μm] Density [%] 

316L, LB-PBF [297] AB, MP Z -1 210 near-surface flaw - - 

AB, MP X 190 near-surface flaw 

[295] AB, Z Z 0.1 90 surface - - 

AB, MP Z 121 - 

[296] AB Z -1 90 near-surface flaw - - 

AB, VP 125 near-surface flaw 

AB, MP 160 near-surface flaw 

[298] SR (388 °C for 4 h) X -1 270 surface - - 

SR (388 °C for 4 h) Z 100 surface 

SR, HIP (1190 °C for 4 h, 

145 MPa) 

Z 150 surface 

[364] AB, MP Z -1 101 LOF flaw 97.7 

[365] AB, MP Z -1 300 ∗ near-surface flaw - 99.5 ± 0.1 

SR (470 °C for 5 h), MP 300 ∗ near-surface flaw 

[366] AB Z -1 108 ∗ - - - 

AB, MP -1 267 ∗

SR (650 °C for 2 h, FC), MP -1 294 ∗

HIP (1150 °C for 4 h, pressure 

100 MPa), MP 

-1 317 ∗

[300] AB X 0.1 90 surface 99.1 

Z 0.1 90 near-surface flaw 

AB, MP X 0.1 203 near-surface flaw 

Z 0.1 135 near-surface flaw 

SR (470 °C for 5 h), MP X 0.1 203 internal flaws 

Z 0.1 68 LOF flaws 

SP Z 0.1 124 internal flaw 

[299] AB, MP Z 0.1 125 near-surface flaw - - 

-1 250 ∗∗ unmolten particles 

304L, LB-PBF [301] AB Z -1 200 surface - - 

AB, MP 300 near-surface flaw 

[302] AB, MP Z -1 250 near-surface flaw - > 99.0 

AB, MP Inclined -1 270 near-surface flaw 

AB, MP X -1 360 near-surface flaw 

18Ni300, 

LB-PBF 

[128] AB, MP Z -1 350 inclusions [Ti/Al]-O 10-30 - 

AB, MP X -1 450 near-surface flaw 90-150 

AB, MP Z 400 °C -1 440 internal flaws 10-30 

AB, MP X 400 °C -1 312 LOF flaw 90-150 

[367] AB, MP Z -1 200 ∗ LOF flaws 200-700 - 

AB, MP X -1 105 ∗ LOF flaws 200-700 

[304] AG (490 °C for 6h) Z -1 400 ∗ near-surface flaw 0-100 - 

AG (490 °C for 6h) X -1 250 ∗ near-surface flaw 0-100 

17-4PH, LB-PBF [298] AB X -1 450 internal flaw - - 

Z -1 250 LOF flaws 

[368] AB, MP X -1 350 near-surface flaw - - 

SA (1050 °C for 4 h), MP Z -1 400 near-surface flaw 

[134] AB, MP Z -1 ∼175 ∗ near-surface flaw - - 

SA (1040 °C for 0.5 h, AC), AG 

(482 °C for 1 h, AC), MP 

Z -1 ∼250 ∗ near-surface flaw 

AB, MP X -1 ∼200 ∗ near-surface flaw 

SA (1040 °C for 0.5 h, AC), AG 

(482 °C for 1 h, AC), MP 

X -1 ∼300 ∗ Pores near surface 

[303] AG (482 °C for 1 h, AC), MP Z -1 400 near-surface flaw - - 

AG (552 °C for 4 h, AC), MP Z -1 400 near-surface flaw 

SA (1050 °C for 0.5 h, AC), AG 

(482 °C for 1 h, AC) 

Z -1 200 near-surface flaw 

SA (1050 °C for 0.5 h, AC), AG 

(482 °C for 1 h, AC), MP 

Z -1 400 near-surface flaw 

SA (1050 °C for 0.5 h, AC), AG 

(552 °C for 4 h, AC) 

Z -1 300 near-surface flaw 

SA (1050 °C for 0.5 h, AC), AG 

(552 °C for 4 h, AC), MP 

Z -1 400 near-surface flaw 

SA (1050 °C for 0.5 h, AC), AG 

(621 °C for 4 h, AC) 

Z -1 300 near-surface flaw 

SA (1050 °C for 0.5 h, AC), AG 

(621 °C for 4 h, AC), MP 

Z -1 400 near-surface flaw 

∗ Run out at 2 × 10 6 cycles. 
∗∗ Run out at 10 9 cycles. 

29 
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Table 11 

HCF strength of Inconel 718, generated by different AM processes, heat treatment conditions. 

Process Source Condition Orientation R 

HCF 

strength 

[MPa] Crack initiation site 

Size of 

defect [μm] Density [%] 

Wrought [308] AMS 5663 -1 450 - - - 

LB-PBF [307] AMS5663, MP Machine 1, Z -1 325 near-surface flaw 10-80 - 

Machine 1, X 350 near-surface flaw 10-80 

Machine 2, Z 200 near-surface flaw 10-160 

Machine 2, X 300 near-surface flaw 10-119 

[306] HIP (1163 °C for 3h, 100 MPa), 

SA + AG -AMS5663 

Z, Parallel gauge -1 292 ± 8 near-surface flaw 50-100 - 

HIP, SA + AG-AMS5663 Z, Parallel gauge 0.1 202 near-surface flaw - 

HIP, SA + AG-AMS5663, MP Z, Parallel gauge 0.1 281 - - 

HIP, SA + AG-AMS5663 Z, Hourglass gauge -1 300 near-surface flaw - 

HIP, SA + AG-AMS5663 Z, Hourglass gauge 0.1 202 near-surface flaw - 

HIP, SA + AG-AMS5663, MP X, Parallel gauge -1 450 - - 

HIP, SA + AG-AMS5663 MP X, Parallel gauge 0.1 281 - - 

HIP, SA + AG-AMS5663, MP X, Parallel gauge 0.5 238 - - 

HIP, SA + AG-AMS5663 30 ° of Z, Parallel gauge -1 350 near-surface flaw - 

HIP, SA + AG-AMS5663 30 ° of Z, Parallel gauge 0.1 211 ± 9 near-surface flaw - 

HIP, SA + AG-AMS5663 30 ° of Z, Parallel gauge 0.5 141 ± 3 near-surface flaw - 

[305] AB X 0-0.1 150 ∗ surface - - 

[369] HIP + SA + AG X -1 300 surface 100-250 - 

HIP + SA + AG, MP -1 300 near-surface flaw 

HIP + SA + AG, H-Charged -1 350 surface 

HIP + SA + AG, H-Charged, MP -1 300 near-surface flaw 

[370] SR, MP X, 400 °C 0.1 234 near-surface flaw - - 

X, 600 °C 0.1 180 near-surface flaw 

Z, 400 °C 0.1 225 near-surface flaw 

Z, 600 °C 0.1 189 near-surface flaw 

[169] AB, MP Z -1 ∼425 surface 75-125 - 

∼400 ∗∗ internal flaw 150-275 - 

[371] HIP (1163 °C for 3h, 102 MPa) 

+ AG 

Z -1 ∼220 internal flaw - 

HIP (1163 °C for 3h, 102 MPa) 

+ AG, MP 

∼220 internal flaw 

[308] AMS5663, MP X -1 350 surface 0.18 flaw, 

inclusion 

- 

AMS5663, MP X, 500 °C -1 500 surface 

AMS5663, MP 45 °of Z -1 400 surface 

AMS5663, MP 45 °of Z, 500 °C -1 600 surface 

HIP (1163 °C , 4h, 

100MPa) + AMS5663, MP 

X, 500 °C -1 450 surface twin 

boundary 

LB-DED [149] DA (720 °C for 8h, FC, 620 °C 
for 8h, AC), MP 

650 °C 0.1 ∼600 non-metallic 

inclusions 

EB-PBF [312] HIP (1200 °C for 4h, 120 MPa), 

SA (1066 °C for 1h, FC), AG 

(760 °C for 10h, FC, 649 °C for 

10h, AC), MP 

X, 650 °C -1 400 ∗∗ non-metallic 

inclusions 

- - 

HIP + SA + AG, MP Z, 650 °C 550 ∗∗ non-metallic 

inclusions 

HIP + SA + AG, MP X, 650 °C 450 ∗∗ non-metallic 

inclusions 

[372] HIP (1200 °C for 4h, 120 MPa), 

SA (1066 °C for 1h, FC), AG 

(760 °C for 10h, FC, 649 °C for 

10h, AC), MP 

Z 0.1 ∼270 near-surface flaw 

AMS5663 – SA at 954 °C , AC, AG at 718 °C -8 h, FC, 621 °C-10 h, FC. 
∗ Run out at 2 × 10 6 cycles. ∗∗ Run out at 10 9 cycles. 
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trength. In general, 304L have a higher HCF strength than 316L 

 301 , 302 ]. 

Todd et al. [298] reported HCF strengths of 100 and 270 MPa 

or vertically (Z) and horizontally (X) built LB-PBF 316L specimens, 

espectively. This anisotropy remains even after HIP, implying that 

t is related to the difference in the surface roughness arising 

rom the differences in the build directions. Conversely, Moham- 

ad et al. [302] reported HCF strengths of ∼ 250 and ∼ 360 MPa 

n the Z and X orientations, respectively, after machining and pol- 

shing. An HCF strength of ∼ 70 MPa was recorded when the spec- 

men axis is oriented at 45 ° to the build direction. Based on these 

esults, Mohammad et al. [302] suggest that the anisotropy in HCF 

trength is related to the inherent weak interfacial strength be- 

ween the built layers. 
30 
Kumar et al. [40] compared the fatigue resistances of 316L pro- 

uced using the LB-PBF and BJP processes and found that while the 

CF strength of LB-PBF alloy is only ∼100 MPa, it is ∼ 250 MPa 

or the BJP alloy. Notably, the significantly higher HCF strength 

f the BJP alloy, which is comparable to that of the convention- 

lly manufactured alloy, comes even though its porosity is sub- 

tantially larger (ranging between 3.7 to 5.6%) as compared to 

2.3 % porosity in LB-PBF alloy. The flaws in BJP specimens are 

elatively smaller and uniformly distributed, which could be one 

eason for its better HCF performance. The key reason, however, 

as microstructural origins. Fatigue cracks that nucleate at internal 

tress concentrators such as flaw corners, were observed to get ar- 

ested at microstructural features such as high angle grain bound- 

ries, annealing twin boundaries, and δ-ferrite phases (see Fig. 16 ). 
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Table 12 

HCF strength of Al alloys, generated by different AM processes, heat treatment conditions. 

Process 

/material Source Condition Orientation R 

HCF strength 

[MPa] Crack initiation site 

Size of 

defect [μm] 

Density/porosity 

[%] 

AlSi10Mg, 

LB-PBF 

[315] SR (300 °C for 2h), MP Z -1 75 near-surface flaw - 98.9 ± 0.1 

SR (300 °C for 2 h), MP, SP (steel balls) 100 internal flaw 

SR (300 °C for 2 h), MP, SP (ceramic 

balls) 

100 internal flaw 

SR (300 °C for 2 h), MP, polis hed, SP 

(steel balls) 

110 internal flaw 

SR (300 °C for 2 h), MP, polished, SP 

(ceramic balls) 

110 internal flaw 

SR (300 °C for 2 h), MP, SP, EP/MP 105 internal flaw 

[314] AB (build platform at 165 °C), MP Z -1 120 near-surface flaw 

[34] AB (build platform at 180 °C), MP Z 0.1 28 near-surface flaw < 0.5% - 

AB (build platform at 180 °C), SA 

(520 °C for 1 h, WQ), AG (160 °C for 

6 h) 

42 Surface defects 

AB (build platform at 180 °C), SA 

(520 °C for 1 h, WQ), AG (160 °C for 

6 h), MP 

57 near-surface flaw 

[156] AB -1 100 near-surface flaw < 0.2% 

[298] AB, polished X -1 ∼ 80 near-surface, internal 

flaw 

- > 99% 

AB X -1 ∼ 48 near-surface flaw 

Z -1 ∼ 52 near-surface flaw 

[35] AB (build platform 150 °C) Z -1 36 ∗ Surface defects - 0.8% 

AB (build platform at 150 °C), SA 

(560 °C for 1 h, WQ), AG (160 °C for 

6 h, WQ) 

83 ∗ near-surface flaw 1.6% 

AB, SB 161 ∗ near-surface flaw 0.8% 

AB, SP 176 ∗ near-surface flaw 0.8% 

SA (560 °C for 1 h, WQ), AG (160 °C 
for 6 h, WQ), SB 

162 ∗ surface 1.5% 

SA (560 °C for 1 h, WQ), AG (160 °C 
for 6 h, WQ), SP 

101 ∗ surface 1.5% 

[313] AB, MP Z -1 ∼ 120 near-surface flaw - - 

SR (300 °C for 2 h), MP ∼ 70 near-surface flaw 

SR (300 °C for 2 h), hIP (250 °C for 2 h, 

180 MPa), MP 

∼ 75 near-surface flaw 

AlSi12, 

LB-PBF 

[80] AB (single melt strategy), MP Z -1 60 near-surface flaw - - 

AN (300 °C for 6 h), MP 110 near-surface flaw 

AB (cross hatch strategy), MP 70 near-surface flaw 

[33] AB, SR (240 °C for 2 h), MP Z -1 ∼65 near-surface flaw - 0.25% 

AB (build platform at 200 °C), MP ∼100 near-surface flaw 0.12% 

∗ Run out at 2 × 10 6 cycles. 

Fig. 15. (a) Kitagawa-Takahashi diagram based on El-Haddad formula for specimens produced with t- φ, 30 μm-90 ° and 60 μm- 67 ° in AB and heat-treated conditions. 

Variations of the critical flaw size, a c , with stress amplitude, σ a , are plotted along with the flaw sizes. (b) Cumulative probability distribution of the flaw sizes in specimens 

produced with t- φ, 30 μm-90 ° and 60 μm- 67 °. Reprinted with permission from Kumar and Ramamurty [168] . Copyright (2020) Elsevier. 

31 
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Fig. 16. Micrographs of BJP 316L specimen showing small fatigue crack initiating 

from all the corners of a flaw observed in the gauge length of fatigue specimens 

that survived 10 7 cycles at a stress amplitude, σ a , of 270 MPa. EDS map shown in 

the inset shows that one of the corner cracks gets arrested by the δ–ferrite present 

in the matrix. Reprinted with permission from Kumar et al. [40] . Copyright (2020) 

Elsevier. 
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umar et al. [40] argued that the microstructure resulting from BJP 

s substantially more effective in arresting the cracks that nucleate 

nder cyclic loading conditions. This is because short cracks main- 

ain their crystallographic nature due to prevalence of planar slip 

related to the microstructure in AB condition) and hence get de- 

ected. In the case of LB-PBF specimens, however, a substantially 

ner microstructure consisting of solidification cells and columnar 

rains means the fatigue cracks that initiated (from LOF flaws with 

izes of 300 to 400 μm) grow unhindered by them. 

Nezhadfar et al. [303] measured the HCF strength on machined 

nd polished 17-4 PH steels specimens to be ∼ 400 MPa irrespec- 

ive of the ageing conditions. If the surface condition remains un- 

ltered after printing (i.e., no machining and polishing was done), 

CF strength increases with the increasing ageing temperature, i.e., 

00 MPa for H900 and 300 MPa for both H1025 and H1150 treat- 

ents. This suggests that over ageing is more beneficial when de- 

ects are present. 

The HCF strength of AM 18Ni300 specimens in machined and 

olished conditions are ∼ 350 and ∼ 450 MPa in Z and X- 

irections, respectively, [128] . During fatigue loading, fatigue cracks 

an also initiate from [Ti/Al]-O inclusions along with the flaws 

ear the surface. A converse behaviour was observed when test- 

ng at a temperature of 400 °C; the measured HCF strengths are 

440 and ∼ 310 MPa in Z and X orientations, respectively, with 

racks predominantly initiated from LOF flaws. Ageing treatment 

at 490 °C for 6 h) nearly doubled the room temperature HCF 

trength [304] , which suggest in-situ hardening might be the rea- 

on behind the improvement in high-temperature fatigue resis- 

ance, translating into a higher HCF strength. 

.3. Ni-based superalloys 

Most HCF studies that are published on this alloy system to 

ate were focused on Inconel 718, which is also the most popu- 

ar variant of Ni-based superalloys explored with AM. A low HCF 

trength of 150–200 MPa (AXF, R = 0.1) in the AB state, as com- 

ared to 450 MPa for its wrought counterpart, is commonly at- 

ributed to the high surface roughness and near-surface defects 

 305 , 306 ]. 

Yoichi et al. [307] reported two distinct HCF strengths were ob- 

ained (between 325 to 350 MPa and 200 to 300 MPa in Z and

 orientations, respectively) for the Inconel 718 specimens, which 

ere SR + ST + AG treated as per AMS 5663, produced using two dif-
32 
erent LB-PBF machines. The relatively lower strength and more 

ronounced anisotropy in the second set were attributed to a more 

ignificant and anisotropic flaw size distribution (10–160 μm in Z 

nd 10–119 μm in X orientated samples), while the first set of 

pecimens had a smaller and similar flaw size distribution (10–

0 μm in both the directions). 

Witkin et al. [306] evaluated the effect of R , surface condition, 

nd the build orientation of LB-PBF Inconel 718. They obtained 

 similar HCF strength of ∼ 300 MPa in both the Z and X ori- 

ntations. Specimens built at an inclination of 30 ° to Z obtained 

CF strength of ∼ 350 MPa. Upon machining, the HCF strength 

ncreased to ∼ 450 MPa. Moreover, the effect of R on machined 

pecimens resulted in a decrease to 280 and 240 MPa for AXF for 

 = 0.1 and 0.5, respectively. This is to be expected as the HCF is

lso controlled by the maximum applied stress. 

Little evidence is available on the microstructural attributes, in- 

luding the presence of Laves and δ phases, on the HCF strength 

f AM Inconel alloys. Since crystallographic texture is weak, grain 

ize, porosity, content of δ precipitates, and grain boundaries are 

he main microstructural features that are likely to compete for 

ictating the fatigue strength. On the one hand, the AM material 

resents with finer grain structure and the fatigue performances 

re expected to be better. However, porosity and large content of δ
recipitates is likely to overcome this positive effect [308] . In some 

nstances fatigue failure has occurred due to crack initiation from 

he oxides/carbide inclusions [ 149 , 309 , 310 ]. Carbides are known to 

nitiate fatigue cracks in the wrought and cast alloy [311] . Their 

resence is suggested to have originated from the powder itself 

ather than the LB-PBF process. These types of inclusions are brit- 

le and facilitate easy crack initiation, similar to a pore. Although 

hese inclusions are generally small compared to pores, their effect 

s difficult to overcome; they cannot be removed with the use of, 

or example, a HIP treatment. 

Shang et al. [149] employed a direct ageing on LB-DED Inconel 

18 and measured an HCF strength of 500 MPa (AXF, R = 0.1) at 

50 °C, which is higher than the room temperature HCF strength. 

he authors observed that at high-temperature fatigue cracks ini- 

iated from the Laves phases rather than flaws. Moreover, cracks 

ere observed to propagate around the Laves phase, indicating 

n easier crack path in the γ matrix. The authors suggest that 

he presence of Laves phases may have played a role in hindering 

rack propagation, which led to the superior high temperature HCF 

trength. Kirka et al. [312] observed a similar behaviour in EB-PBF 

nconel 718, after HIP, SA at 10 6 6 °C, and ageing under a low cycle

atigue regime. Gribben et al. [308] argues that the presence of δ
hase results in retardation effect on crack propagation that varies 

ith temperature. While the lack of γ ′ ′ weakens the room temper- 

ture behaviour, crack retardation is more significant above 500 °C. 

ore work is required to identify the role of the microstructure re- 

ultant of AM on the material’s HCF strength. 

.4. Al alloys 

Siddique et al. [33] reported HCF strength of ∼ 65 MPa for Al- 

i parts without build platform heating, compared to ∼ 100 MPa 

hen the build platform was heated to 200 °C. In both cases, an 

R heat treatment at 240 °C for 2 h was employed. The 50% im- 

rovement in the fatigue strength is attributed to lower porosity 

0.12%) in the latter as compared to 0.25% porosity in the former. 

owever, build platform heating also increases the size of the cel- 

ular structure due to a reduction in cooling rate, which could also 

ontribute to the 54% improvement in the HCF strength. 

An interesting phenomenon observed in both AlSi12 and 

lSi10Mg alloys is the effect of SR heat treatment, which increases 

he overall porosity and flaw size [ 33 , 313 ]. Naor et al. [313] re-

orted an HCF strength of ∼ 120 MPa for machined and polished 
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B specimens. However, it dropped to ∼ 70 and ∼ 75 MPa after 

pecimens underwent SR at 300 °C for 2 h and a HIP treatment 

at 250 °C, 180 MPa for 2 h), respectively. The SR specimens had 

he lowest density amongst all the specimens, followed by HIP 

nd AB specimens. The observed reduction in density due to SR 

nd HIP, which is counterintuitive, was attributed to the forma- 

ion of thermally induced flaws. However, SR at 500 °C followed 

y HIP resulted in near-fully dense parts. The HCF strength of the 

B specimens was attributed to a network of Si particles segre- 

ated on the cellular boundaries, apart from the low porosity. Pro- 

onged exposure to high temperature during SR and HIP can break 

he Si network (as illustrated in Fig. 6 ), deteriorating tensile and 

CF strengths. Coarsened Si particles can act as sites for fatigue 

rack initiation [313] . Changchum et al. [156] reported a signifi- 

ant drop in HCF strength after SR, solutionising and ageing heat 

reatments. However, these findings contradict Suryawanshi et al. 

80] who reported an improvement in the HCF strength of AlSi12 

rom 60 MPa to 110 MPa after AN at 400 °C for 6 h. 

The coarsening of Si particles during heat treatment, and reduc- 

ion in their number, in AM AlSi12 and AlSi10Mg alloys depends 

n the heat treatment temperature. The microstructural changes 

iscussed in Section 3.2 likely affect the fatigue strength, which 

ould explain (in conjunction with flaw size variation) the varia- 

ion in HCF strength data. For example, Uzan et al. [313] reported 

n improvement of �K th by 80% after T6 heat treatment. Simi- 

arly, Aboulkhair et al. [34] reported an improvement in the HCF 

trength from 28 MPa to 57 MPa after duplex heat treatment at 

20 °C for 1 h and 160 °C for 6 h). 

Todd et al. [298] reported a negligible effect of the building di- 

ection on the HCF strength of LB-PBF AlSi10Mg in the AB condi- 

ion, i.e., 48 and 52 MPa in specimens build in the X and Z direc-

ion, respectively (machining and polishing resulted in a 50% in- 

rease in the HCF strength [ 80 , 156 , 298 , 314 ]). Naor et al. [315] in-

estigated the effect of shot peening of SR AlSi10Mg before and af- 

er mechanical polishing: Polished specimens resulted in a slightly 

igher HCF strength of ∼ 110 MPa than the shot-peened specimens 

f ∼ 100 MPa. An AB surface finish resulted in an HCF strength 

f ∼ 75 MPa. Specimens that were shot-peened and polished 

electrochemically and mechanically) resulted in an HCF strength 

f ∼ 105 MPa. Although compressive residual stresses are present 

fter shot peening (that should significantly reduce the likelihood 

f crack initiation), the remaining asperities in the surface still re- 

ulted in a measurable reduction in HCF strength. 

. Closing remarks 

The advent of AM promises to revolutionise metal part fabri- 

ation in an unprecedented way. For this potential to be realised 

uch that AM alloys are successfully adapted in industrial prac- 

ice, an in-depth understanding of the processing-microstructure- 

echanical properties is a must. The additional features inher- 

nt to AM, such as mesostructures, porosity, residual stresses, and 

he complex interplay between them complicate this significantly. 

hile considerable effort has already gone into researching the 

anufacturing aspects of AM and evaluation of the microstructure 

nd tensile properties, research on fracture toughness and fatigue 

roperties is relatively less. Since those properties are critical for 

nsuring the structural integrity of AM parts (and hence certifi- 

ation), a lot more effort focusing on fatigue and fracture of AM 

lloys is essential for understanding how these properties are con- 

rolled by the features mentioned above. Such knowledge, in turn, 

an be utilized to design damage-tolerant structural components. 

n this context, the following unique aspects of AM alloys need to 

e kept in mind. 
33 
• While ductility is an important property that often determines 

an alloy’s applicability in engineering practice, it might not be 

an all-important one in the context of AM alloys. This is be- 

cause components in net-shape are fabricated directly, without 

any need for further ‘secondary mechanical processing,’ that 

would, otherwise, make alloy’s ductility an important factor. 

Since the fracture toughness—a key property for which ductility 

acts as a proxy in most conventionally manufactured alloys—

can be enhanced through the mesostructural design, it would 

be better to focus on the evaluation of fracture toughness di- 

rectly and how best to further optimize the strength—toughness 

combinations. 

• The rapid solidification conditions that prevail laser-based pro- 

cesses induce metastable and fine microstructural features with 

extended solid solubilities of the alloying elements in some 

contexts, while the build strategies impart mesostructural fea- 

tures. While the former enhance strength, the latter can en- 

hance toughness. These additional ‘degrees of freedom’ offered 

by AM for designing alloys with enhanced strength-toughness 

combinations are not fully exploited yet. 

• The starting material for most metal AM is in the powder form. 

Consequently, porosity is inevitable in the as built parts. While 

post-fabrication treatments such as HIP can significantly reduce 

(or even eliminate) porosity and lack-of-fusion flaws, they offset 

the unique advantage of AM in terms of its ability to produce 

the final part in one step. (Besides, HIP of a part with complex 

and intricate design features—another key feature of AM—might 

not that be simple.). In view of this, it appears that the adap- 

tion of the ‘damage tolerant design’ philosophy for components 

fabricated with AM is the best way for ensuring structural in- 

tegrity and reliability. In this approach, the existence of defects 

is taken for granted, which makes the role of the micro and 

mesostructure on the near-threshold fatigue crack growth and 

crack closure behaviour important. An improvement in �K th 

imparts a considerable increase in HCF performance by allow- 

ing for a larger critical flaw size. Then, fracture mechanics- 

based approaches are used to ensure the size of the flaws or the 

lengths of cracks that emanate from them under cyclic loading 

conditions never exceed the critical flaw sizes. For this, a de- 

tailed understanding as to how the processing conditions affect 

porosity is a must. Since aspects such as the flaw size, shape, 

and location play a critical role in determining the fatigue life 

of the part, they need to be characterised in detail. 

• The service environment, if it is hydrogen-rich and corrosive, 

could have a significant effect on the structural integrity of AM 

alloys as metastable phases, mesostructures, porosity and resid- 

ual stresses inherent to them can degrade the performance. 

Hence, aspects such as stress corrosion cracking and hydrogen 

embrittlement of the alloys produced using AM, which received 

hardly any attention up to now, need to be investigated. 

• While considerable effort s continue to be made in modelling 

the AM process itself and the microstructural development, 

mechanics-based modelling of the structure-fracture/fatigue 

property relations in AM alloys are yet to be investigated. In- 

sights gained through such efforts can be especially useful in 

tailoring the processing conditions for enhanced damage tol- 

erance, for example in fine tuning the mesostructures for en- 

hanced crack resistance. 

Currently, a major impediment to the widespread acceptance 

f metal AM parts in industry is the spatial variations in the mi- 

rostructure, high residual stresses, surface finish and the pres- 

nce of flaws, which is compounded by feedstock, built-to-build 

nd machine-to-machine variability. A thorough understanding of 

he process-structure (including the attributes)-mechanical prop- 

rty connections would enable insights into which of those are 
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ritical, if at all, and hence easier integration of AM parts with en- 

ured reliability. 
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